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INTRODUCTION

The capacity of an engineering structure to withstand an applied load is often severely
degraded by the presence of hydrogen originating from its equilibrium position within the
metal lattice, from a gaseous hydrogen environment in contact with the structure, or from
the product of a heterogeneous reaction between a hydrogen-containing molecule and the
metal surface. The oldest and most extensively studied form of hydrogen embrittlement is
that due to hydrogen within the metal lattice (refs. 1-5). Hydrogen enters the metal during
production processes, such as pickling and electrolytic plating operations, where the
hydrogen concentrations at the metal surface can be very large (ref. 6). The most recent
form of hydrogen embrittlement to be recognized results from the direct exposure of a
clean metal surface during deformation to a gaseous hydrogen environment. This form of
embrittlement was first studied in detail in 1961 (ref. 7) and has since been regarded with
increasing concern. Because of the usefulness of the hydrogen-oxygen reaction as a fuel cell
to produce electric current (ref. 8) and as a source of energy for propulsion (ref. 9), this
form of embrittlement will become more and more important and may, in the future if not
today, control one phase of our technological growth.

The deleterious consequences of hydrogen on an engineering structure come about
through an influence on its fracture behavior — either crack initiation or crack growth stage
of fracture. The causal interaction between hydrogen and the metal may be the formation
of a solid solution of hydrogen in the metal, second phase hydride precipitates, molecular
hydrogen within the metal lattice, gaseous products formed as a result of the reaction
between hydrogen and impurities, and others. From the numerous studies conducted on
hydrogen embrittlement, it can be classified into two distinct types according to its strain
rate dependence. The first type of embrittlement is aggravated by increasing strain rates,
while embrittlement of the second type decreases with an increase in strain rates until it
disappears completely. In this investigation we will concentrate primarily on the second
type, yet, understanding that some ideas can be applied to both. The first type, although
also important from an engineering standpoint, is due to the presence of a product of a
completed reaction within the metal lattice and involves mechanical theory as related to the
fracture process. In the second type, a Kinetically controlled reaction occurs concurrently

with embrittlement and must then involve both kinetics as related to the transport of



hydrogen and its interaction with the metal lattice as well as mechanics related to the
fracture process.

Since 1960, considerable advancement has been made in the development and
application of linear-elastic fracture mechanics to the fracture process. Because mechanical
theory in terms of the fracture mechanics method of analysis and kinetic theory will be used
throughout this investigation, concepts underlying these theories as applicable to the

hydrogen embrittlement problem are described below.

FRACTURE MECHANICS CONCEPTS

Fracture mechanics concepts originated in the consideration of fracture of brittle
materials. A brittle material, by definition, is one that remains elastic up to the point of
fracture, glass being the usual example. The work of Griffith (ref. 10) around 1920
represents the birth of fracture mechanics. Griffith treated fracture as a problem of general
mechanical stability and established an energy criterion for it, involving the elastic strain

energy on the one hand and the free surface energy of the crack on the other, given as

op =/ 2EY; /nC 1

where op is the fracture stress of the structure applied normal to an elliptical crack, 2C is
the crack length, E is the elastic modulus of the material, and 7y is the true surface energy
or the work done in creating new surface area by the breaking of atomic bonds. Unlike a
brittle material, a normally ductile material, such as a structural metal, must be expected to
yield in some region around the tip of a crack. Griffith’s original energy criterion could be
applied to fracture in metals, if the work done in plastic straining was taken into account.
To apply this modified criterion, it becomes necessary to carry out an elastic-plastic analysis
of the cracked material. This is very much more difficult than the purely elastic analysis
needed for a brittle material. Because of these difficulties, a simplified approach has been
developed that involves a combination of a purely elastic theoretical analysis and
appropriate experiments on cracked structures. This is referred to either as “‘linear elastic
fracture mechanics” or ‘“Griffith-Irwin theory.” Applying Westergaard’s (ref. 11) stress
function approach to crack problems, Irwin (ref. 12) found that the stress field in the

neighborhood of a crack tip under opening mode stresses of Mode [ stresses (tension stresses
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perpendicular to the plane of the crack) is given by the equations

K
I 0 .0 36
= —— cos—|1 —sin = sin —
Gxx (27”.)1/2 2 2 2

Ky
_ o 1 +si o si 36
g = COS — sin — Sin —
yy (27!'1')1/2 2 2 2 L

(2)
K
L 9 o 30
=—  _ §in— COS — COS —
Txy (27rr)1’2 2 2
0,7 = V(Uxx + oyy) s Txz=Tyz =0 )

where r and 8 are polar coordinates, v is Poisson’s ratio, and Kj is a parameter termed
stress intensity. These equations suggest that the elastic stress field distribution in the
neighborhood of crack tips is invariant and that the magnitude of the stress field can be
described by a single-term parameter, Ky, designated as the stress intensity factor. For an
infinitely sharp elastic crack, in an infinitely wide plate, the stress intensity factor is defined

as (ref. 13)

K =0+/nC (3)

and thus, is a function of crack size, body configuration, and the applied load. The
analytical determination of the stress intensity factors and the crack-tip stress fields is
basically a problem in the mathematical theory of elasticity and has been cataloged by
Paris and Sih (ref. 14).

The underlying principle of fracture mechanics is that unstable fracture occurs when
the stress applied to the cracked structure reaches some value. In terms of the Irwin analysis,
this occurs when a parameter defined as the crack extension force, G = K?/E (in plane
stress), is equal to a critical value G.; the critical strain-energy release rate for unstable

crack extension. When G = G, then K = KC; K, (KIc under Mode I stresses) is considered a



material property, known as the fracture toughness of the material, and represents the
material’s inherent ability to withstand a given stress field intensity at the tip of a crack. It
should be noted, however, that the critical stress intensity parameter is geometry dependent
and does not represent a material property when the elastic stress field in the immediate
neighborhood of a crack tip is disrupted by plastic deformation. This occurs in engineering
materials, particularly under conditions of plane stress, where the plastic zone at the crack
tip is much larger than when plane-strain conditions exist.

As mentioned earlier, consideration of plastic deformation at the crack tip complicates
fracture mechanics, yet its application to engineering structures is broad. Current theoretical
research is particularly focussed on these plasticity aspects (refs. 15-17). For our purposes
we need not consider the influence of plastic deformation in terms of fracture mechanics.
The following oversimplified thermodynamic approach will serve to emphasize the relevent
concepfts.

When plastic deformation occurs near the crack tip, a certain amount of plastic work,
7p, is expended during crack propagation in addition to the elastic work, Vg that is required
to create the two fracture surfaces. The mechanics of the fracture process, when plastic
relaxation occurs at the crack tip, depends on the magnitude of 7p, and thus, factors
affecting Tp. Brittle fractures may be induced in usually ductile structural metals under
conditions where plastic flow is inhibited by low temperatures, an alloy constitution or a
mechanical treatment causing an increase in yield stress, or by geometrical constraint
causing stress triaxiality, or possibly when chemical alterations reduce the force required to
separate the surfaces. This latter point will be discussed in detail later. Considering an energy
balance, the stress required to move a crack must involve the total work done in expanding
the crack, per unit area of fracture surface. With plastic deformation this work is increased

from 7 to (Yg +7p). For a moving crack the Griffith equation (eq. (1)) for plane stress is

modified to

op =V QE[TC)(V5 + 7p)

o (4)
=/ (QE74/mC)[1 + (Yp/7s) ]
when ’YP/YS >1,
app =+ 2EY/mCYYp/Y) (5)
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Plastic deformation at the crack tip blunts the crack, and thus relaxes some of the stresses
thereby increasing the effective crack tip radius, p. The Orowan (ref. 18) modification of

the Griffith equation (eq. (1)) to consider the influence of the crack tip radius is given by

o =+/(2EY/nC)(p/32,) (6)

where a, is the interatomic distance within the metal lattice. Equating equations (5)

o)
and (6) we obtain

V(2EY/mC)(p/3a,) =+/(2EYy/nCY(Yp/Y )

so that

pl3ay= Yp/¥g @)

It is seen from the resulting equation (7) that even though the 7p term is large compared
with 7, Y4 is very much a part of the fracture process in that it is a multiplying factor for
determining the energy expended on crack growth at a constant crack tip radius.

The above concepts are discussed in much greater detail in reference 19. These
concepts are, of course, related to the crack growth stage of fracture. Unfortunately, the
crack initiation stage of fracture has not been considered in such detail. This stage of
fracture, besides being made complex by variables that are difficult to define, is relatively
unimportant in engineering structures. Most structures contain preexisting flaws as a result
of processing procedures such as welding. However, this is not the case for many test
specimen configurations, where crack initiation is an important part of the fracture process.
Because of this, the following qualitative discussion of the crack initiation process is
undertaken.

Most models for crack nucleation involve the interaction of dislocations with strong
planar defects within the metal lattice, that is, a pile-up of dislocations against an obstacle
such as a grain boundary, twin boundary, or precipitated phase. These models have been
treated quantitatively by Stroh (refs. 20, 21), Cottrell (ref. 22), and Gilman (ref. 23) and are

all common in that the shear stress to initiate a crack is proportional to some function of

5



surface energy, similar to the equation for crack growth. Specifically, the interaction of a
chemical species in a manner to influence crack initiation as well as propagation has been
discussed in detail by Robertson and Tetelman (ref. 24). In any case, significant amounts of
deformation or very high stress levels, or both, are required before a crack can be initiated in
an unflawed metal.

The influence of a notch in a test specimen or structure is significant in that it acts as a
stress concentrator. Macroscopic deformation or general yield (crack initiation) can occur at
the notch tip at much lower applied loads than if the notch were not present. However, it
must be emphasized that the presence of a notch is in no way similar to the presence of a
crack in an engineering metal. The stress concentrating effect of a notch is only one
parameter that influences crack nucleation. Others include the heterogeneity of
deformation, location and orientation of planar defects, and yield and ultimate strengths of

the material. Such parameters are generally unpredictable and make crack initiation a

random process.

HOW A CHEMICAL SPECIES CAN INFLUENCE FAILURE

From the above brief discussion of concepts related to the crack initiation stage and
growth stage of fracture, it is obvious that these are not intrinsic properties of a metal but
the results of a collage of specific properties. The influence of a chemical species on the
fracture process occurs, then, as the influence of the species on these specific properties
such as plastic deformation or dislocation motion, surface energy or lattice bond energy.
The degree of influence will depend on the specificity of the system, that is, the specific
metal under consideration, the specific material property that has the most significant
influence on the fracture process in that metal, and the influence of a specific chemical
species on that specific property. In short, the influence of a chemical species on the
fracture behavior of a metal is very specific and very complicated. Below we will attempt to
consider briefly how any chemical species can influence material properties that in turn
influence the crack initiation and growth stages of fracture.

Fracture is a localized process occurring very near the crack tip or at the point of crack
initiation; thus it can be affected by a localized concentration of a species very dilute in the
metal or in the environment. If this be the case, an activity gradient is required to

concentrate the species at these critical locations. Consideration of the species transport will
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be discussed in detail in a later section; however, it is important to realize that the effects to
be discussed need not be bulk effects.

Plastic deformation has been shown to be essential to some models of crack initiation
by creating dislocation pile-ups at obstacles and to hinder crack growth by increasing the
crack tip radius. In general the effect of a chemical species is to make it more difficult for
deformation to occur. This can come about through 1) the presence of an adsorbed layer or
film on a metal surface by influencing the ease of dislocation egress out of that surface
through a change in the image force a dislocation sees at the surface (ref.25) or the
formation of a debris layer near the surface (ref. 26); 2) the interaction of the species with
the strain fields around a dislocation requiring the dislocation to break free (ref. 27) or to
transport the species with it as it moves (ref. 28); 3)a change in heterogeneity of
deformation by influencing the stacking fault energy of the dislocation (ref. 29) or its ease
of cross-slip (ref. 30); 4) second-phase precipitation at a dislocation (ref. 31) or within the
metal lattice (ref. 32). The effect of a chemical species through its effect on defomation will
be primarily to increase the rate of stable subcritical crack growth. The magnitude of this
effect will depend on the specific metal — if little or no deformation normally occurs at the
crack tip during growth, the influence of this effect will be negligible.

The effect of a chemical species on the surface energy or the bond energy of a metal is
most often considered to influence fracture (refs.33-37). As has been discussed, the
magnitude of the surface energy term has a direct relation to the ease of both crack
initiation and propagation. The lower the surface energy of a metal, the easier it is for crack
initiation and propagation. It is most probably because of this obvious dependence that the
influence of a chemical species on fracture through surface energy has attracted so much
attention. Even with this attention, however, there is little reliable data to establish that a
chemical species can influence surface energy to a significant extent, nor is there an
established theory by which this could occur. Considerable work has been conducted to
explore the effect of a species on surface energy (refs. 38-40); however, the magnitude of
the observed effects and even the direction of the effect must be questioned because of
recent evidence that establishes the extreme importance of system characterization
(refs. 41-42), that is, a total knowledge of surface condition and contamination, purity of

the environment, etc. At this point it must remain sufficient to say that a chemical species



may influence surface energy or bond energy to the extent that fracture behavior of a metal
may be influenced.

Before leaving this discussion, it must be pointed out that a chemical species can
influence fracture through other considerations not included above. Second-phase
precipitation can occur to such an extent that a crack will initiate and grow in these
precipitates, eventually connect together, and result in failure of the structure (ref. 43). The
second phase may not be a solid but a gas. In this case a void can be nucleated at some
defect in the metal lattice and can grow with or without stress until failure of the structure
results (ref. 44). Other considerations can be found throughout the literature; however,

these are even more specific and will not be considered here.

KINETIC CONCEPTS
Kinetic theory is defined as a theory that deals with the effects of forces on the

motion of bodies. It originated prior to the seventeenth century. Many reactions, be they
chemical reactions involving changes in form or transport reactions involving changes in
location, are not kinetically simple — they may proceed through a number of reaction steps
between the initial and final state of the overall reaction. Each individual reaction step is
termed an elementary reaction. Each elementary reaction may or may not be activated. An
activated reaction is one in which the reactant must be raised to a higher state of potential
energy than the original and final state. Additionally, a reaction can have an order
depending on the form of the reaction. In this discussion we will deal simply with first-order

reactions that are defined by the reaction equation

ky
A —> B+C (8)
Let the initial concentration of A be ‘“a” moles/liter. If after a time t, “x” moles/liter
of A have changed state, the remaining concentration of A is (a — x), and ““x” moles/liter
of Band C have been formed. The rate of formation of B or C is dx/dt, and for a

first-order reaction is proportional to the instantaneous concentration of A, so that

dx/dt =k, (a — x) €))

where k,; is known as the rate constant.
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An overall reaction can be made of elementary reactions of three possible
combinations: 1) opposing reactions, 2) consecutive reactions, and 3) parallel reactions.
Opposing elementary reactions are given by the equation

k, ks
A—B—5>A (10)

where k, is the rate constant in the forward direction and k, in the reverse. Initially the
concentration of A is “a” and B is “b.” If after a time t, “x’’ moles/liter of A have been
transformed into B, the concentration of A is (a — x), and that of B is (b+ x). The

differential rate equation is therefore

dx/dt=k,(a — x) — k(b +x) (11

If the reaction occurs for sufficient time that equilibrium exists, the equilibrium constant
will be given by K =k, /k,.

Consecutive reactions occur when the product of one reaction becomes itself the
reactant of the following reaction. This is expressed by the equation

ky ks
A—>B—>C (12)

X vy z

As before the differential equations for the rate of change of the concentrations x, y,

and z are given as

—dx/dt =k, x
—dy/dt= -k, x +k,y (13)
dz/dt=k,y

The electrical analog of such a system would be a circuit consisting of impedances
connected in series (ref. 45). The overall flux or current passing through the circuit is the
same in each element, and is determined by the. overall potential divided by the sum of the

impedances. If one of the elements in the circuit has an impedance considerably larger than
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the others, the smaller impedances can be neglected, as they will have an insignificant effect
on the current, its value being essentially determined by the larger one. If, like
equation (12), a number of reaction elements are involved consecutively, the overall

rate 1 is related to the rates of the component elemental reactions t,, f,, .. ., l:i by
Vi=1/ty + /i, + 1[5, +... 1i;=21/5 (14)
i

If one of the rates, say 1, is considerably smaller than the others, it would determine the

overall rate
a1

However, if the rates of two or more steps are of the same order of magnitude, the overall
rate will be as given by equation (14).
When a species can react or move to a location in more than one way the elementary
reactions are known as parallel reactions and are given by the equation
k
A — B (15)

k
3 C

The rate of an overall reaction composed of a number of parallel elementary reactions is the
sum of the rates of each of the elementary reactions. This is analogous to an electrical
circuit in which several impedances are connected in parallel (ref. 45). The potential across
each impedance is the same, but the current through each varies with its respective
impedance. The overall current is the sum of the currents through the parallel legs. By
consideration of the conductance analogy, in a complex reaction with parallel steps, the

overall rate is related to the rates of the individual steps by
R NS R N R (16)
i

Under such conditions, the overall rate is primarily determined by the fastest process, if and

only if, one of the rates, say t,, is considerably greater than the other rates; hence we have
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Pt (17)

Obviously, if the rates of two or more mechanisms are not greatly dissimilar, the overall rate
would be expressed by equation (16).

So far we have been concerned with how concentrations affect kinetics and possible
combinations of reaction paths available. Next let us consider how the elementary rate
constants depend on temperature. The temperature effect has been fremendously useful in
providing an insight into the theory of all rate processes.

In 1889, Arrhenius pointed out that the van’t Hoff equation for the temperature

coefficient of the equilibrium constant was
d 2n k/dT = AE/RT?

so a reasonable equation for the variation of elementary rate constants with temperature

might be
d 2n k/dT = E/RT? (18)

where T is absolute temperature, R is the gas constant, and E is called the activation
energy of the reaction. The activation energy is the potential-energy hill that must be
climbed to reach the activated state between the initial and final state of the elememtary
reaction. If E is not itself temperature dependent (usually the case), equation (18) upon

integration yields
k = A exp(—~E/RT) (19)

where A is the constant of integration and is called the frequency factor or preexponential
factor. Equation (19) is the famous Arrhenius equation for the rate constant.

In an overall reaction composed of numerous elementary reactions. under steady-state
conditions, the concentrations of all reactants will be constant at a given temperature and
will vary as a function of temperature through the temperature dependence of the rate

constants. Over a wide range of temperatures, the activation energy spectrum for an overall

11
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reaction may exhibit several discrete values, each associated with a specific rate-controlling
elementary reaction. Figure 1 is a schematic illustration of this effect for two overall
reactions (ref. 45) — one in which the elementary reactions are consecutive and the other in
which the reactions are parallel. This figure is a semilogarithmic rate plot of two individual
elementary reactions crossing each other at a temperature Ty. At the intersection
temperature T, the individual rates are equal; elsewhere, one step will have a rate
significantly greater than the other. The important point in figure 1 is the difference in form
of the two overall reactions depending on whether they are made up of consecutive or
parallel elements. Such a plot can thus separate the form of the reaction paths in an overall
reaction made up of numerous elementary reactions.

The above concepts are an agglomeration of concepts discussed in detail in several

texts on chemical Kinetic theory. One of the major sources of information has been

reference 46.

HOW TRANSPORT KINETICS CAN INFLUENCE FAILURE

If a chemical species is observed to influence fracture behavior of a metal, the species
must have been at some critical location before the metal was stressed or have been
transported to this location during deformation. An example of the former is the
embrittlement of a metal by the presence of massive precipitates in the metal lattice;
examples of the latter are forms of embrittlement identified by an inverse strain rate
dependence. This inverse strain rate dependence is a result of an overall kinetic reaction
involved in the transport of the species from its equilibrium or quasiequilibrium position in
the system to some critical location that can influence fracture. The rate in which a metal
becomes embrittled, then, will depend on the reaction kinetics of the overall reaction. We
will next consider the elementary reactions potentially involved in various forms of
embrittlement.

The overall transport reaction will be very different depending on whether the
embrittling species originates in the environment surrounding the metal or is present in
equilibrium within the metal lattice. When the species originates in the metal lattice, lattice
diffusion will be the primary transport reaction; however, other reactions such as phase

formation, dissolution onto an internal surface (of a void perhaps), and desorption into the
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Figure 1.— Parallel and consecutive overall reaction rates contributed by two

elementary reactions.

13



void cavity may also be involved, depending on where and how the species influences

fracture.

When the species originates in the environment, the overall transport reaction will be
very complex reflecting the form of the species in the environment, the purity of the
environment, and the nature of the metal surface. For the simple case of embrittlement
caused by a very high purity gaseous hydrogen environment where the interaction
influencing fracture occurs well within the metal and does not involve a phase precipitation,

the elementary reactions may be:
1. Gas-phase diffusion of molecular hydrogen to the crack surface

ry =k, P (20)

where k, isthe rate constant and P is molecular hydrogen pressure.

2. Molecular hydrogen strikes the metal surface, dissociates, and is adsorbed as atoms

r, =k, P(1 — 6)? 1)

where 8 is the hydrogen surface coverage.

3. A pair of adsorbed hydrogen atoms combines and evaporates as a molecule
ry; = k302 22)
4. An adsorbed atom passes into the metal
ra =ke011 ~ (ufug)] (23)
where u is the hydrogen concentration just inside the metal surface and ug is the
saturation concentration of hydrogen in the metal.

5. A hydrogen atom in the metal leaves the lattice and enters the metal surface
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6. A molecule strikes the surface and dissociates, one atom staying on the surface and

the other entering the metal

1g = ke P(1 — 0)[1 — (u/uy)] (25)

7. A hydrogen atom near the metal surface diffuses to the critical location to cause

embrittlement

17 = DI(u — ug)/] (26)

where D is the diffusion coefficient and ug is the hydrogen concentration at the critical
location £ distance from the metal surface.

Obviously the form of the overall reaction rate equation will be very complex and will
involve elementary reactions occurring in opposite directions, consecutively, and in parallel.
Additionally, the form of the temperature dependence and pressure dependence of
transport will be complex unless, over the temperature and pressure ranges investigated, one
or two of the elementary reactions controls the overall reaction. Barrer (ref. 47) and others
(refs. 48-49) considered the contributions of elementary reactions to the overall reaction
controlling gas-phase permeation through a metal membrane and found that almost any
form of pressure and temperature dependence for the overall reaction can be justified.

The point of this somewhat detailed discussion is that the species transport is a very
complex, yet very important, process that determines the rate in which embrittlement
occurs in a metal. Further, embrittlement may or may not be observed in a particular metal
or a particular environment simply as a result of what are normally considered secondary
effects, such as the influence on an elementary reaction of minute concentrations of
contaminant in the environment or on the metal surface. Transport reactions are truly
specific, so an evaluation of embrittlement of a system must include the complete

characterization of that system.

HYDROGEN-METAL SYSTEM
The hydrogen-metal system is one of the most extensively studied bielement systems
s0 numerous reviews are available. One of the more recent and probably the most extensive

particularly concerning ferrous alloys is that by Oriani (ref. 50).
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Sieverts (ref..51) in 1929 demonstrated that the solubility of hydrogen in iron and, in

fact, most metals is proportional to the square root of external pressure;
u =sp!/? (04))

where u is the concentration of dissolved hydrogen in equilibrium with gaseous hydrogen
at pressure P, and s is a constant of proportionality. This relation (Sieverts’ law)
establishes through the equilibrium rate equations that hydrogen is present in a metal lattice
in dissociated (atomic) form. Oriani (ref. 50) concludes from a review of available
information that dissolved hydrogen, at least in the transition metals, is a proton that has
given up its electrons to the electron gas of the metal. This screened proton is capable of
rather substantial perturbation of the metal lattice — for hydrogen in a-iron, the partial
molal volume has been observed to be around 2X107¢ m3/g-atom (refs. 52, 53), about
one-third the value of that caused by dissolved carbon (ref. 54). The combination of small
diameter of the hydrogen atom (1.06X10%° m) and relatively large observed partial molal
volumes suggests that hydrogen is located in the interstitial position rather than the
substitutional position within the metal lattice (ref. 50). In a-iron evidence indicates that
hydrogen occupies the octahedral interstitial site (ref. 55); however, for metals in general
the exact interstitial site (octahedral or tetrahedral) has not been firmly established.

The products of the interaction of hydrogen with metals can be hydrides, solid
solutions, or a binary phase mixture of solid solutions and hydrides. The nature of the
products of the interaction of metals with hydrogen depends on the specific metal. Hurd
(ref. 56) divides metals into four groups depending on the form of the hydride; ionic
hydrides, hydrides of transition metals, intermediate hydrides, and covalent hydrides. Each
group corresponds to a position of the elements in the periodic table (fig. 2). As discussed in
detail by Kolachev (ref. 57), a separation must be made between solid solutions of hydrogen
in metals and hydrides. The transition metals of Groups IIIB-VB form solid solutions and
hydrides as the result of direct reaction with hydrogen, while metals of Groups VIB-VIIIB
normally form only solid solutions that cannot really by considered hydrides. Under specific

sets of conditions real hydrides of several metals of Groups VIB-VIIIB can also be obtained

(refs. 58, 59).
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The hydrides of the transition metals have metallic properties that can be explained by
the theory of metallic bonds. Hydrides are less dense than the metal; they have a volume
increase of 10 to 20 percent. In the formation of hydrides by the absorption of hydrogen by
dense metals, appreciable tensile stresses exist around the hydrides. They are generally
porous brittle materials of low strength. Under ordinary conditions hydrides exist at
concentrations of metal atoms in excess of stoichiometric compositions; that is,
TiH, 44-TiH, 75, ZrH; o,, and VHy ,-VH, o, but the formation of compounds with a
higher content of hydrogen is difficult. Elements of Groups VIB-VIIB do not form hydrides
during hydrogen exposure, because these metals have no free states in the band of the
bonding electrons.

From Sieverts’ law (eq. (27)) the constant of proportionality, s, is either the chemical
equilibrium constant or the rate constant between molecular hydrogen in the gas phase to
atomic hydrogen within the metal lattice just below the surface, and is temperature
dependent. An isobaric plot of logarithm s versus the reciprocal of absolute temperature
(an Arrhenius type plot, eq. (19)) will yield a value of energy for the process. In actuality,
the exact meaning of this energy term is difficult to assess depending on whether true
equilibrium exists between hydrogen in the gas phase and that absorbed in the metal lattice.
Confusion concerning this point exists throughout the literature (refs. 49, 60). Be that as it
may, as we pass from metals of Group VB to those of Groups VIB-VIIIB in figure 2, the
temperature dependence of the absorption term, s, changes. The transition elements of
Groups IIIB-VB absorb hydrogen exothermally, and elements of Groups VIB-VIIIB (except
palladium) absorb hydrogen endothermally. The former are characterized by a negative
value of energy with uptake decreasing with increasing temperature at a constant pressure;
the latter by positive energy with uptake increasing with increasing temperature. In
endothermic occluding metals, the maximum amount of hydrogen possible within the metal
at a constant pressure is several orders of magnitude less than metals that are exothermic
occluders. For example, in o-iron at a hydrogen pressure of 1 atm, equilibrium lattice
solubility is only 5X10™ ppm by weight at room temperature, which corresponds to about
3X 108 atoms of hydrogen per atom of iron (ref. 61). In titanium, the entire metal can be

converted to a hydride yielding nearly 2 atoms of hydrogen per 1 atom of titanium

(ref. 62).
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Hydrogen transport within a metal lattice occurs by an interstitial diffusion
mechanism in general agreement with the Zener model (ref. 63). In metals having a
body-centered-cubic crystal structure such as a-iron (ref. 64) and S-titanium (ref. 65), the
rate of hydrogen transport is much less temperature sensitive than most solid-state diffusion
processes exhibiting activation energies of the order of 12,500 J/mole (3,000 calories/mole)
and transport rates of the order of 10® m?/sec near room temperature. In
face-centered-cubic metals such as Y-iron (ref. 64) and hexagonal-close-packed metals such
as o-titanium (ref. 66), hydrogen transport rate is substantially slower and the temperature
dependence considerably greater.

In summary, hydrogen can enter a metal from the liquid state or the gas state by any
process producing atomic hydrogen at the metal surface. The amount of atomic hydrogen
present on the metal surface is directly dependent on the overall transport process and is
influenced by a number of physical characteristics of the particular surface and
environment. The amount of hydrogen present in the metal lattice at interstitial positions is
dependent on the specific nature of the metal. Metals that are exothermic occluders to
hydrogen, such as titanium, can hold enormous quantities of hydrogen while metals that are
endothermic occluders, such as iron, can only hold extremely low quantities. Hydrogen
transport within the metal lattice occurs by an interstitial mechanism and is also very
dependent on the crystal structure of the metal. Transport in metals having a more open
crystal structure (bcc) is less temperature dependent and more rapid than those having a

more closed structure (fcc and hep).
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STATEMENT OF PROBLEM

Hydrogen embrittlement as a result of hydrogen within the metal lattice has been a
problem for several decades; however, only in the past decade has the real breadth of this
problem been indicated. Hydrogen need not be originally present within the metal lattice to
cause a degradation of the load-carrying ability of a metal structure, but can originate from
the environment — by the direct exposure of a clean metal surface during deformation to a
gaseous hydrogen environment or by heterogeneous reactions, occurring even at room
temperature, between the metal and hydrogen-containing molecules and compounds, such
as water and numerous organic species. As the growth of technology increases and new
materials, applications, and processing procedures are developed, it becomes increasingly
apparent that solutions to specific hydrogen problems are no longer adequate and many
times, in fact, can lead to erroneous interpretation of the general phenomena. A vast
majority of the more than 1000 investigations conducted on the deleterious effects of
hydrogen on metals has been specific because of the nature of the phenomena. Hydrogen
attack occurs most often in components of a system that are most highly stressed, and thus
critical to the system. A failure of such a component demands immediate action and a
specific solution. This approach contributes little to an understanding of the phenomena, an
understanding that must be attained in the near future.

The embrittlement of metals by a gaseous hydrogen environment affords a potentially
powerful tool for the quantitative understanding of the overall hydrogen embrittlement
phenomena. When combined with the fracture mechanics approach to fracture and the
kinetic theory approach to hydrogen transport, complete characterization of the embrittling
system becomes possible. When the hydrogen is originally present only in the environment:
concentration effects, purity effects, etc., can be established through the instantaneous
change of the environment; interaction with the metal must occur at the metal surface or, at
the least, hydrogen must enter the metal through this surface; the origin of the species is
absolutely defined such that rate effects can be compared through kinetic theory; influence
of the species on the stages of fracture can be defined through fracture mechanics; and the

specificity of embrittlement can be better established through the characterization of the

embrittling system.
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The first reported evidence of the embrittlement of a metal by a gaseous hydrogen
environment was in 1955 (ref. 67). In 1961 Hofmann and Rauls (ref. 7) observed a
significant reduction in the time to failure of steel tested in an environment of
1.01X10%* kN/m? (100 atm) hydrogen as compared with an air environment. In 1963 Cavett
and Van Ness (ref. 68), in an extension of a study in which hydrogen was charged into the
metal under 6.9X10* kN/m? (10,000 psig) hydrogen pressure at high temperatures,
observed a degrading effect of this environment on a steel and a nickel base alloy even at
room temperature. Between 1963 and 1965 there were numerous scattered reports of the
effect of an environment on the ductility of metals (refs. 69-72). This phenomena became
of engineering importance in June 1965 when the National Aeronautics and Space
Administration observed the premature failure of a gaseous hydrogen storage vessel designed
for service at 3.45X10* kN/m? (5000 psi). This welded vessel, which was fabricated from
A 517—F (T—1) steel in the quenched and tempered condition, failed at 2.69X10* kN/m?
(3900 psi) (ref. 73). Since this failure there have been several investigations on the effect of
a high pressure, high purity gaseous hydrogen environment on metals. One of the most
extensive, involving several engineering materials, is reference 74. During this initial phase
(and even today) many people considered the gaseous hydrogen problem to be related to
the presence of a high pressure hydrogen environment. Hancock and Johnson (ref. 75)
demonstrated that this is not the case because significant effects can be observed in
hydrogen at least as low as 1 atm pressure.

The purpose of this investigation is to contribute significantly to the understanding of
the embrittlement of metals by hydrogen such that this knowledge may be used to predict,
if not prevent, failure in engineering structures. Kinetic theory will be used in conjunction
with a gaseous hydrogen environment to clarify:

1. The specificity of the hydrogen-metal embrittlement interaction

2. The form and the location of the embrittlement interaction in an endothermic
occluding metal (steel)

3. The form and the location of the embrittlement interaction in an exothermic
occluding metal (titanium)

Mechanical considerations will be used in conjunction with a gaseous hydrogen environment

to clarify:
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1. The sensitivity of the crack initiation stage of fracture to a hydrogen environment

2. The influence of a hydrogen environment on deformation associated with
embrittlement

3. The combined influence of mechanical and chemical effects on embrittlement
By providing at least partial clarification of the above areas, it is hoped that important
factors affecting the embrittlement of a metal by a chemical species will be elucidated so

that meaningful engineering evaluations of specific systems can be conducted in the future.
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KINETIC ASPECTS OF HYDROGEN-INDUCED FAILURE

SPECIFICITY OF THE HYDROGEN-METAL INTERACTION

To understand whether a particular hydrogen-metal system is susceptible to
embrittlement, the specificity of the system in terms of the kinetic transport reactions must
be considered with respect to the specific influence of hydrogen on the three consecutive
stages of environmentally induced fracture (ref. 76) — crack initiation, subcritical crack
growth, and rapid failure. The easiest of these to consider is rapid failure. There is to date no
positive demonstration of an influence of hydrogen on the final, rapid fracture stage or on
the critical stress intensity at which the onset of rapid fracture is observed. The most
plausible explanation for this hydrogen insensitive characteristic is that hydrogen effects are
governed by time dependent rate processes requiring hydrogen transport to a specific
location on or within the metal, or interaction with the metal itself. This final stage of
fracture occurs with such a high velocity that, under all known conditions, the controlling
hydrogen rate kinetics are not competitive with these rapid crack growth rates. This is not
the case, however, for the first two stages of fracture. Depending on the form of loading and
the expected life of an engineering structure, hydrogen rate kinetics can become competitive
and sufficient time may be available for hydrogen to influence these stages of fracture. Of
these two potentially environment-sensitive stages of fracture, because of the somewhat
haphazard nature of crack iniatiation, the subcritical crack growth stage is by far the least
complex and the most easy to handle. It is for this reason that subcritical crack growth is
the embrittlement parameter used in this section to investigate the specificity of the
hydrogen-metal interaction.

As we have seen, the overall transport process in the transport of hydrogen from the
gas phase to a location where it may interact with the metal to cause embrittlement can be
extremely complex and will involve a number of elementary reaction steps. One portion of
this overall transport reaction is termed chemisorption and is the process that results in the
transport of a species from the gas phase to some location on the surface of the metal. In
general, chemisorption is not one elementary reaction but several and can be very involved.
Be that as it may, the chemisorption reaction is essential for environmental embrittlement,
no matter the location or form of the embrittlement interaction. Let us consider in a

cursory manner what is known of the process of hydrogen chemisorption on metal films.
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The process of hydrogen chemisorption has been reviewed in some detail by Hayward
and Trapnell (ref. 77). Table 1, a portion of the data reviewed, is a list of metals separated as
to the speed of the chemisorption process.

1. Very fast chemisorption occurs in a few seconds and, if an activation energy is
involved, it must be exceedingly small.

2. Slow chemisorption is definitely an activated process.

3. No chemisorption is where no hydrogen is adsorbed up to 0° C.

Table 1 shows that all metals that exhibit fast chemisorption are transition metals except for
barium (Group IIA). The transition metals cooper, silver, and gold (Group IIB) and
manganese (Group VIIB) and the remaining nontransition metals that have been studied do
not chemisorb hydrogen or do so very slowly. Thus, three very important engineering
metals, aluminum, copper, and magnesium, do not chemisorb hydrogen, at least up to 0° C.
Because chemisorption is essential to the embrittlement of a metal from the environment, it
is predicted from table 1 that copper, aluminum, and magnesium should not be affected by the
presence of hydrogen. It is important to realize with respect to the data of table 1, especially in
those metals where chemisorption has not been observed up to 0° C, that the speed of
chemisorption cannot be projected to greater temperatures. It is possible in some cases that
the activation energies for chemisorption are such that it will proceed at higher
temperatures, but it is equally likely in others that chemisorption is endothermic, in which
case it will not occur however high the temperature. Additionally, table 1 is the
chemisorption process from a molecular hydrogen gas. If atomic hydrogen is the adsorbing
species, the chemisorption process may change drastically. On copper, for example, atomic
hydrogen adsorbs readily at low temperatures but desorbs as molecules if the film is warmed
to room temperature (ref. 78). Others have seen significant chemisorption of hydrogen
atoms on copper at room temperature (ref. 79).

The purpose of this study was to consider the specificity of hydrogen embrittlement in
terms of the ability of hydrogen to affect the fracture mode and fracture behavior of
precracked specimens of several engineering alloys. Both a molecular hydrogen environment
and a partially dissociate hydrogen environment were used as the source of the hydrogen
species. The results of this study were used with those of previous studies to better establish

the specificity of the hydrogen-metal embrittlement interaction.
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TABLE 1.— HYDROGEN CHEMISORPTION ON METAL FILMS (REF. 74)

Very fast

chemisorption

Ti
Zr
Nb
Ta
Cr
Mo
w
Fe
Co
Ni
Rh
Pd
Pt
Ba

Slow

chemisorption

Mn
Ge

No chemisorption

up to 0° C

K
Cu
Ag
Au
Zn
Cd
Al
In
Pb
Sn

Mg (ref. 56)
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Materials and procedure— The materials used in this study are given in table 2 with
their nominal compositions and heat treatments. All heat treatments were performed in a
vacuum furnace. For those requiring a rapid quench rate, the furnace was backfilled with
argon immediately before quenching (while the specimen was kept at temperature) and then
the specimen was removed and quenched in less than 2 sec.

Fracture toughness -tests were conducted on precracked bend specimens loaded in
three-point bending. These specimens were 1.90X102 m (0.750 in.) wide, 3.17X103 m
(0.125in.) thick. They contained a side notch plus precrack of between 7.9X10™ and
1.59X107® m ( 0.312 and 0.0625 in.) total length. These specimens, which had a support
span of 7.6X1072 m (3.0 in.), obviously did not conform to the ASTM thickness guideline
for plane-strain fracture toughness specimens but, since the data to be obtained were
intended to be only comparative in nature, this was considered relatively unimportant.
Stress-intensity values were calculated from the maximum load measured on the
load-displacement record by using a fourth-degree polynomial expression for pure bending
(ref. 80). The nonstandard stress-intensity values calculated in this manner are designated as
Kscg’ the stress intensity for the initiation of measurable subcritical crack growth. (When
negligible subcritical crack growth occurs, as in air, Kscg equals the nonstandard critical
stress intensity for failure, KQ).

All tests were conducted at room temperature at a constant displacement rate, d of
1.48X10™ m/sec (3.5X107¢ in./sec) in a stainless-steel chamber. The chamber was evacuated
by the use of zeolite-trapped mechanical pump, a titanium sublimation pump, and a
sputter-ion pump to a pressure of better than 7X10™ N/m? (5X107 torr) prior to
backfilling with hydrogen to the desired test pressure. The hydrogen, as received, contained
an active impurity level less than 100 ppm (N,, O,, H, O) and was additionally purified by
passing it slowly through a liquid nitrogen-chilled trap.

The hydrogen test environments were molecular hydrogen at a pressure of 90.6 kN/m?
(680 torr) and an atomic-molecular hydrogen mixture at a molecular hydrogen pressure of
1.1 N/m? (8X1073 torr). The selection of the latter pressure was based on results observed
on AISI 4130 steel (described in the following section). The hydrogen test environment at
pressures of 1.1 N/m? (8X1073 torr) contained significant quantities of contaminants (of
the order of 10 percent carbon monoxide and 1 percent water as determined by a

residual-gas analysis sampling system made up of a small stainless-steel chamber, a controlled
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TABLE 2.— ALLOYS, COMPOSITIONS, AND HEAT TREATMENTS

Alloy

Molybdenum alloy
(TZM)

Copper alloy
(Cu—Be)

Nickel alloy
(201)

Nickel alloy
(301)

Aluminum alloy
(7075)

Magnesium alloy
(HM21A)

Titanium alloy
(6-4)

Steel alloy
(4130)

Stainless-steel alloy
310)

Stainless-steel alloy
(A286)

Heat treatment

Yield strength,

Composition n/m?2
Mo—-0.5Ti—0.08Zr As received— 13.9X108
annealed
Cu—1.8Be Solution annealed 10.9X108
at 900° C and aged
at 343° Cfor 4 hr
Solution annealed 8.48X108
at 900° C and aged
at 399° C for 3 hr
99.5 Ni As received— 1.03X108
annealed
Ni—4.37Al As received— 11.7X108
solution treated,
quenched, and aged
Al—5.6Zn—2.5Mg— As received— 5.03X108
1.6Cu solution treated, and
aged
Mg—2Th—1Mn As received— 1.72X108
solution treated, cold
worked, and aged
Ti—6Al-4V Annealed at 704° C 8.96X108
Solution treated at 12.4X108
1037° C and
stabilized
Fe—1Cr—0.2Mo— Oil quenched from 13.9X108
0.30C 843° C and tempered
at 250° C for 2 hr
Fe—25Cr—21Ni As received— 3.10X108
annealed
Fe—25Ni—15Cr As received— 8.20X108

solution treated,
quenched, and aged
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leak, and a quadrapole residual gas analyzer). This contamination could not be eliminated
by baking the chamber, and appeared to result from displacement reactions occuring
between hydrogen and contaminants on the chamber walls. Such contamination was
negligible at high pressures (i.e., 90.6 kN/m?) of hydrogen.

An atomic-molecular hydrogen mixture was created at the crack opening by the
dissociation of molecular hydrogen on 5X107 m (0.002 in.) diameter tungsten filaments
heated to approximately 2000° C. Although the presence of a hot tungsten filament on
which molecular hydrogen can dissociate adds additional elementary reactions to the
formation of atomic hydrogen on the crack surface, Brennan and Fletcher (ref. 81) have
shown that molecular hydrogen adsorption, dissociation, and atomic hydrogen desorption
occur very rapidly on a hot tungsten surface. The filament location for the test specimen is
shown in figure 3. Specimen temperature was controlled with a liquid nitrogen-cooled
shroud surrounding the specimen and grips and by quartz-lamp heaters placed near the
specimen. Specimen temperature was monitored by the use of thermocouples welded to the
specimen adjacent to the fatigue crack tip.

Results— Fracture toughness tests were conducted at a constant displacement rate at
room temperature in environments of vacuum at 6.7X1073N/m? (5X107 torr), of
molecular hydrogen at 90.6 kN/m? (680 torr), and of atomic-molecular hydrogen mixtures
at a molecular hydrogen pressure of 1.1 N/m? (8X1073 torr). Table 3 is a summary of the
results of this study indicating the value of Kch (an average of at least two tests) observed
in the three test environments for a number of alloys. Additionally, fractographic analysis
was conducted on all specimens that fractured. Scanning electron micrographs of typical
fracture surfaces are given in figures 4 through 12. This table and these figures show that the
molybdenum alloy (TZM) exhibited a significant reduction in Kch in molecular hydrogen
as compared to that in vacuum (table 3); however, there was no discernible difference in the
fracture surface of these specimens (fig. 4). Failure of this alloy both in vacuum and in
hydrogen occurs by the brittle, cleavage mode.

The copper alloy (Cu-Be) was tested in both the underaged and fully aged conditions.
Neither molecular hydrogen nor atomic hydrogen was observed to influence the fracture
behavior of this alloy (table 3). The mode of failure in the three environments was identical

and appeared to be a form of ductile tearing typified by lacelike-appearing dimples (fig. 5).
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Figure 3.— Filament placement for the investigation of hydrogen embrittlement of

fracture toughness specimens in the presence of atomic-molecular hydrogen.
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TABLE 3.— THE EFFECT OF HYDROGEN ON THE FRACTURE BEHAVIOR

OF SEVERAL ALLOYS

(A286)

1 Aged at 343° C for 4 hr
2 Aged at 399° C for 3 hr

3 Annealed at 704° C

Alloy Vacuum PH2 = 90.6 kN/m?
(Kscg = KQ)
Molybdenum alloy 123.4 74.6
(TZM)
Copper alloy? 39.3 37.6
(Cu—Be)
Copper alloy? 82.4 87.9
(Cu—Be)
Nickel alloy No failure No failure
(201)
Nickel alloy 162.6 54.9
(301)
Aluminum alloy 23.5 24.6
(7075)
Magnesium alloy 6.12 6.40
(HM21A)
Titanium alloy? 115.6 105.3
(6-4)
Titanium alloy* 149.7 52.1
(6-4)
Steel alloy 64.0 27.3
(4130)
Stainless-steel alloy No failure No failure
310)
Stainless-steel alloy No failure No failure

4Solution treated at 1037° C and stabilized

Py, = 1.07 N/m?

37.5

92.3

24.6

5.85

48.8
No failure

No failure
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Figure 4.— SEM fractograph of the molybdenum alloy (TZM): (2) failed in vacuum,

(b) failed in molecular hydrogen.
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(b)

Figure 5.— SEM fractograph of the copper alloy (Cu—Be) aged at 400° C; (a) failed in

vacuum, (b) failed in molecular hydrogen, (c) failed in atomic-molecular hydrogen.
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The pure nickel alloy (201) was found to be so ductile that the fatigue crack would
not propagate to failure under the three-point bend mode of loading at the strain-rate
employed (table 3); however, a small amount of crack propagation did occur ahead of the
fatigue crack in both vacuum and molecular hydrogen environments. The appearance of
these areas of crack growth is shown in figure 6. In vacuum the fracture surface appears
ductile with substructure indicative of gross plastic deformation of the fracture surface
following fracture. Similar substructure is present on the surface failed in molecular
hydrogen; however, the overall appearance of the surface indicates a. more brittle mode of
failure with some intergranular separation and transgranular cleavage facets. The nickel alloy
(Duranickel 301) is a precipitation hardening alloy and was tested in the fully hardened
condition. A molecular hydrogen environment has a significant effect on this alloy with a

large reduction in K and a complete change in fracture mode. In vacuum the fracture

scg
surface of this alloy is identical to that observed in the nickel (201) alloy (fig. 6(a)); in
hydrogen, however, failure occurs entirely by intergranular separation, completely void of
any evidence of ductile tearing (fig. 7).

The aluminum alloy (7075), like the coppér alloy, is completely unaffected by either a
molecular or an atomic hydrogen environment (table 3) with failure in every case occurring
by ductile tearing (fig. 8). Additionally, identical results are observed for the magnesium
alloy (HM21A) (table 3 and fig. 9).

The titanium alloy (6A1—4V) is an alpha-beta alloy with the microstructure very
dependent on heat treatment (ref. 82). This alloy was tested in the annealed condition,
which has a microstructure of equiaxed, primary a-phase with a noncontinuous dispersion
of B-phase in the a-phase boundaries. The solution-treated and stabilized structure consists
of acicular o-phase platelets in prior 3-phase grains with a more or less continuous 3-phase
separating each o-phase platelet. Table 3 shows that the annealed structure is only slightly
affected by a molecular hydrogen environment whereas the solution-treated and stabilized
structure is greatly affected. The fracture mode in vacuum is ductile tearing in both
structures. In hydrogen the annealed structure yields a fracture that is very feathery in
appearance (fig. 10) and seems to contain small cleavage facets and significant amounts of
subsurface cracking — both intergranular and transgranular. In the solution-treated and
stabilized structure, fracture in hydrogen appears primarily by intergranular separation
(fig. 11). Additionally, this surface contains a substructure of rather evenly spaced
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40 L m
A

Figure 6.— SEM fractograph of the nickel alloy (201); (a) failed in vacuum, (b) failed in

molecular hydrogen.
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Figure 7.— SEM fractograph of the nickel alloy (Duranickel 301) failed in molecular
hydrogen.
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(b)

20 L m
—

Figure 8.-- SEM fractograph of the aluminum alloy (7075); (a) failed in vacuum,

(b) failed in molecular hydrogen.
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40 um
 —

Figure 9.— SEM fractograph of the magnesium alloy (HM21A); (a) failed in vacuum,
{b) failed in molecular hydrogen.
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20 pm
—

Figure 10.— SEM fractograph of the titanium alloy (6Al-4V) annealed at 704° C;

(a) failed in vacuum, (b) failed in molecular hydrogen.
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20 pm
A

Figure 11.— SEM fractograph of the titanium alloy (6 Al1—4V) solution treated at 1037° C;

(a) stabilized and failed in vacuum, (b) stabilized and failed in molecular hydrogen.
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(a)

(b)

Figure 12.— SEM fractograph of the steel alloy (4130); (a) quenched, tempered, and failed in
vacuum, (b) quenched, tempered, and failed in molecular hydrogen, (c¢) quenched,

tempered, and failed in atomic-molecular hydrogen.
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terrace-like steps. (The possible significance of this substructure is discussed in detail in a
following section.)

The steel alloy (4130) exhibited the most striking results of all of the alloys tested. The
microstructure of this alloy was tempered martensite and was significantly affected by both
a molecular hydrogen and an atomic hydrogen environment (table 3). The degree of
reduction in Kch was most severe in molecular hydrogen. Figure 12 shows that the
fracture mode in vacuum was ductile tearing, in molecular hydrogen it was entirely
intergranular separation, and in atomic hydrogen it was a combination of both ductile
tearing and intergranular separation. This is the first observation to indicate that a low
pressure molecular hydrogen environment containing a large ratio of atomic hydrogen can
significantly affect the fracture behavior of an alloy.

The stainless steel alloys (310 and A286) are very stable austenitic alloys unlike some
stainless steels such as type 304, which will transform to martensite on deformation.
Although these alloys are of medium strength, the fatigue crack would not propagate under
the bending mode of loading in any of the environments; in fact, in all cases gross
deformation occurred at the crack tip and the tip was blunted.

Discussion— In this section we will attempt to establish some order to the specificity
of the hydrogen-metal embrittlement interaction in terms of the observations of this study
and observations by other investigators. We will review pertinent observations made
concerning the hydrogen-metal interaction in specific base-metal systems. Next, in an effort
to understand the specificity of embrittlement, we will consider the susceptibility of these
systems to various forms of hydrogen embrittlement in terms of what is known of the
hydrogen-metal interaction.

Iron-base alloys: Iron-base alloys have microstructures made up of a-phase (bce) and
v-phase (fcc) iron in various forms. At room temperature the a-phase is stable; however,
with the correct alloy additions, primarily nickel and chromium, the 7Y-phase can be
stabilized. Both of these phases of iron are endothermic occluders of hydrogen and form
solid solutions with hydrogen with an energy of absorption of 27,200 J/mole
(6,500 cal/mole) in a-iron and slightly greater in Y-iron (ref. 83). The solubility of hydrogen
at 1 atm in o-iron is around 1077 m3/100g at 200° C and somewhat greater in 7Y-iron
(ref. 83). Likewise, lattice diffusion of hydrogen occurs more easily in the ¥ structure than

in the a with the latter having a value near 10® m? /sec at 200° C (ref. 83).
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Although there appears to be little significant difference between the interaction of
hydrogen with the a- and Y-phases of iron, the susceptibility of these structures to hydrogen
embrittlement varies greatly. Alloys having the o-type microstructures of martensite and
ferrite have been found to be very susceptible to hydrogen attack (gaseous
hydrogen, refs. 68-71); hydrogen-containing molecules, refs. 84-86; hydrogen in
solution within the metal lattice, refs. 87-89). Failure occurs exclusively by intergranular
separation (fig. 12). This behavior is contrasted with that of alloys that retain a stable
austenitic (Y-phase) microstructure. These alloys appear quite immune to hydrogen attack,
as demonstrated by the stainless steels of this study (table 3) and others (refs. 90, 91). If,
however, the austenitic structure is not stable but transforms to martensite as the result of
deformation, etc., the austenitic alloy is then susceptible to hydrogen embrittlement
(refs. 92-95). There is as yet no proven explanation for this phase sensitivity of the iron-base
alloys to hydrogen attack. Two possible explanations involve the difference in the form of
the hydrogen interaction with the two phases or changes in the hydrogen transport
reactions. Neither possibility, however, is as yet supported by differences observed in
hydrogen interaction or transport.

Nickel-base alloys: Nickel has a face-centered-cubic structure and reacts very strongly
with hydrogen, as do palladium and platinum (ref. 57), all three are of Group VI1IIB (fig. 2).
Hydrogen adsorption occurs rapidly on the surface of nickel (table 1); at temperatures
above 100° C, however, no physical adsorption of hydrogen appears to take place (ref. 57).
Under normal conditions, hydrogen exists in the nickel lattice as a solid solution, but it has
also been observed to form a hydride phase at the grain boundaries and near the surface of
the metal during electrolytic charging or at high pressures (ref. 58). The solubility of
hydrogen in solid solution is somewhat greater than that in a-iron and has a value of around
10 m3/100g at atmospheric pressure at 200° C with the energy of absorption being
approximately 12,300 J/mole (3,000 cal/mole) (ref. 96). Lattice diffusion in nickel is on the
order of 101! m2/sec at 200° C (ref. 97) or about three orders of magnitude slower than
that observed in a~iron.

Nickel-base alloys, like martensitic and ferritic steels, are observed to be extremely
sensitive to hydrogen attack from gaseous hydrogen (refs. 74, 98), hydrogen containing
molecules in the environment (ref. 99), and hydrogen charged into the lattice
(refs. 100-102). In this study it is seen that the nickel alloy (Duranickel 301) is severely
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degraded by a hydrogen environment (table 3), with failure occurring by complete
intergranular separation (fig. 7). Even high purity nickel (201) is affected by a hydrogen
environment to some degree (fig. 6). Additionally, an interesting form of hydrogen
embrittlement has been observed in nickel (ref. 58) where hydrides formed in the grain
boundaries become unstable and decompose, which leads to the formation of cracks because
of the high pressure that develops.

Titanium-base alloys: The reaction between hydrogen and titanium is similar to the
other metals of Group IVB and VB (fig. 2), zirconium, hafnium, vanadium, columbium, and
tantalum (ref. 57). These metals are exothermic occluders of hydrogen and form hydrides
readily (ref. 57). Titanium has two basic lattice structures: the «-phase that is
closed-packed-hexagonal and stable at room temperature and the S-phase that is
face-centered-cubic and easily stabilized to room temperature. Most engineering titanium
alloys have microstructures that are a mixture of the o8 phases. The two phases differ in
that hydrogen forms a solid solution in o-titanium only to extremely low hydrogen
concentrations before hydride is formed (ref. 103), whereas hydrogen is readily soluble in
B-titanium, which it stabilizes (ref. 104). Lattice diffusion of hydrogen in a-phase titanium
occurs at approximately 101! m?/sec at 200° C (ref. 105) and, by extrapolation from high
temperatures, in -phase titanium at 107! © m?2 /sec at 200° C (ref. 105).

Embrittlement as a result of hydrogen charging has been observed in titanium
(ref. 106), zirconium (ref. 43), columbium (ref. 107), tantalum (ref. 108), vanadium
(ref. 109), and uranium (ref. 110). A gaseous hydrogen environment has been observed to
influence the fracture behavior of titanium (ref. 74), tantalum (ref. 111), and columbium
(ref. 111). Additionally, titanium is influenced by environments of hydrogen-containing
molecules (ref. 112). In all forms of hydrogen embrittlement of titanium, susceptibility of
embrittlement appears to be dependent on alloy microstructure. In charged hydrogen, pure
B-titanium appears relatively insensitive to hydrogen (ref. 113) as does pure a-titanium
(ref. 114); when the microstructure is a combination of these two phases, however,
hydrogen attack is severe (ref. 106). Similar results were observed in a gaseous hydrogen
environment discussed in this section and a following section in which this effect is studied
extensively. In this section it was seen that the Ti—6A1—4V alloy was much more

susceptible to gaseous hydrogen when the structure consisted of acicular « in a $-matrix
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(fig. 11) as compared with an a-matrix with discontinuous f§ in the boundaries (fig. 10),
table 3.

Titanium, like the other exothermic occluding metals mentioned above, forms the
brittle second-phase hydride precipitate in the a-phase matrix. When present in massive
quantities, this precipitate can affect the fracture behavior of the alloys. This form of
embrittlement. unlike that discussed above, is most severe at high strain rates (ref. 115).

Molybdenum base alloy: The Group VB (fig. 2) metals of molybdenum, tungsten, and
chromium are similar in that they are very rapid adsorbers of hydrogen (table 1) and are
endothermic occluders absorbing relatively small amounts of hydrogen compared with other
transition metals. The solubility of hydrogen in molybdenum is approximately
10 m3/100g at 1 atm at 200° C with an energy of absorption of around 29,300 J/mole
(7,000 cal/mole) (refs. 60, 116). Diffusion of hydrogen in molybdenum occurs at a rate of
10712 m? /sec (refs. 60, 116) at 200° C and is comparable to that in nickel and titanium.

The embrittlement of these alloys by hydrogen has received little attention;
molybdenum, however, has been observed to be influenced by cathodically charged
hydrogen (ref. 117). Additionally, hydrogen has been shown to influence plastic
deformation in molybdenum by the formation of impurity atmospheres on dislocations
(ref. 118). The present study appears to be the first environmental hydrogen study on these
alloys. The results indicate that the molybdenum alloy (TZM) is susceptible to
environmental embrittlement (table 3). The failure mode of this alloy was not influenced, as
might be expected, because failure in vacuum also occurred by brittle cleavage (fig. 4). No
firm conclusions should be based on this one study:; nevertheless, it appears that
environmental hydrogen can influence crack growth in this molybdenum alloy.

Magnesium-base alloys: The interaction of hydrogen with magnesiurmn is similar to that
with beryllium, the other Group IIA (fig. 2) metals of engineering importance. Magnesium
does not interact with molecular hydrogen at room temperature. Even vaporized
magnesium, which has an active surface, does not adsorb molecular hydrogen (ref. 57).
Atomic hydrogen is, however, readily adsorbed on magnesium. The solubility of hydrogen
in magnesium is quite large, about 2X10™ m?/100g, with a slight increase with increasing
temperature (ref. 119). Hydrides can be formed in magnesium only under very high

pressures or by cathodically charging (ref. 57).
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A number of Soviet investigators studied the influence of hydrogen on magnesium and
magnesium alloys (ref. 57) and found a degrading effect only when hydrides were present
because of supersaturation. Extensive embrittlement was observed in a water vapor
environment as the result of crystallographic hydride precipitation (ref. 120). In the present
study the crack growth characteristics of the magnesium alloy (HM21A) were not
influenced by the presence of either a molecular or a partially dissociated hydrogen
environment (table 3 and fig. 9). This would be expected based solely on hydrogen
transport kinetics (table 1), at least in the molecular hydrogen environment.

Copper- and aluminum-base alloys: Neither copper nor aluminum adsorb molecular
hydrogen at room temperature (table 1). The solubility of hydrogen in copper is fairly low
with a value of the order of 10™® m3/100g at 1 atm at 200° C with a heat of absorption of
near 37,600 J/mole (9,000 cal/mole) (ref. 51). The solubility of hydrogen in aluminum is
considerably less than in copper and is of the order of 10713 m3/100g with an energy of
absorption of near 83.400 J/mole (20,000 cal/mole) (ref. 121). Diffusion of hydrogen in
copper (122) and aluminum (ref. 123) is nearly identical having a value of the order of
10719 m? /sec at 200° C.

Hydrogen can significantly influence the mechanical properties of copper and
aluminum if it exists in solution above the saturation level in the metal lattice. In both
alloys supersaturated hydrogen precipitates at defects, generally grain boundaries, and forms
voids. In aluminum these voids grow and cause failure by a ductile separation at the
boundaries (ref. 124). In copper, however, the porosity along the grain boundaries appears
to weaken the material and leads to a brittle intergranular failure (ref. 125). Copper and
aluminum alloys have never been observed to be affected by a molecular hydrogen
environment (refs. 74, 94, 98) with the possible exception of a study that indicates that the
fatigue crack growth rate of an aluminum alloy is significantly affected by a hydrogen
environment (ref. 126); however, attempts to duplicate this result have been unsuccessful
(refs. 127, 128). In the present study neither a molecular hydrogen nor a dissociated
hydrogen environment was observed to influence the crack growth behavior of copper
(table 3 and fig. 5) or aluminum alloys (table 3 and fig. 8). Again, as with magnesium, this
would be expected based on the difficulty of hydrogen chemisorption (table 1).

General remarks: Hydrogen affects the fracture behavior of all engineering metals,

although for some metals this influence occurs only under very specific conditions. All
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metals that are endothermic occluders of hydrogen are influenced in one way or another by
the precipitation of hydrogen from the supersaturated lattice obtained by cooling a
saturated lattice from elevated temperatures. In the alloys of magnesium, aluminum, and
austenitic iron, this influence is not observed to be accompanied by a change in fracture
mode but appears to result from porosity or void formation at defects, such as grain
boundaries, with failure being by ductile separation. In metals such as a-iron, nickel, and
copper, failure appears to be associated with a change in fracture mode with failure
occurring by brittle intergranular separation, implying an interaction between hydrogen and
the metal lattice. Table 4 is a compilation from the literature of experimental observations
involving the interaction of hydrogen with several endothermic occluding metals. Each of
these phenomena will be considered in an attempt to point out potential qualitative
correlations to the observed hydrogen embrittlement phenomenon.

The first column of table 4 gives the observed values of equilibrium solid solubility of
hydrogen in a metal under 1 atm hydrogen pressure normalized to a common temperature
of 200° C. With the exception of austenitic iron, those metals that have the highest
equilibrium solubility appear to be the most embrittled. Comparing molybdenum and
copper may be difficult. In the present study molybdenum appeared to be embrittled by
gaseous hydrogen while copper did not, although both have similar values of solubility. The
insensitive nature of aluminum to hydrogen is consistent with its low solubility. The second
column is a list of heats of solution of hydrogen in these metals. The heat of solution is the
energy state of the hydrogen atom within the metal lattice relative to its equilibrium state as
gas phase molecular hydrogen. These values could be loosely interpreted as a measure of
lattice disturbance produced by the introduction of a hydrogen atom into a metal. Table 4
shows that the maximum heat of solution is observed for aluminum and the minimum for
nickel, just the reverse of what is observed in terms of severity of embrittlement. Possibly a
better correlation could be developed based on a parameter that is some function of both
solubility and heat of solution (say solubility times heat) and interpreted as the total lattice
disturbance, that is, the lattice disturbances per hydrogen atom times the number of
hydrogen atoms present. Even with this, however, the insensitive character of austenitic

steel to hydrogen would not be consistent with the apparent correlation.
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TABLE 4.— HYDROGEN SOLUBILITY AT 1 ATM, LATTICE DIFFUSIVITY, ATOM AND SITE DIMENSIONS,
AND HEATS OF ADSORPTION AND DESORPTION OBSERVED IN SEVERAL
ENDOTHERMIC OCCLUDING METALS

Solubility Diffusivity Dimensional Adsorption Desorption
€ I
$200° ¢>|AHg) - D2ooe ¢ | Qpj r . -AH, Qges> | |
Metal sol’ | Ref. Dif* | per | "@Ve’ | Tj-Tfave | Ref. chenv | Ref. des> ' Ref
e ppm kJ/mole m?/sec | kJ/mole © pm o) © kJ/mole o kJ/mole ¢
| i
Iron-« | 107! 27.2 83 108 12.1 129 82.31 0.0025 57 133.9 . 132 ---
| Tron-Y 100 | 226 | 83! 10M' | 448 | 130 | 81.9]-093 | 57| ... .
i . | B i |
i Nickel ‘ 1 123 ' 96 10711 36.0 131 91.8: .0935 57 1255 ] 132 83.7 ., 134
! |
 Molybdenum| 107 29.3 60 10712 61.5 60 72.04 -.322 57 167.4 [133; 1506 | 134
Copper 1073 38.3 51 1gto 23.3 122 111.8; .36 57 50.2 {133 64.9 135
Aluminum 1077 106.3 121 10710 41.8 123 94.2} -.202 57 --- 78 ---
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The third and fourth columns in table 4 list the rate of hydrogen diffusion transport
and the activation energy for hydrogen diffusion, respectively. There appears to be little or
no correlation between these parameters and the propensity of a metal to exhibit hydrogen
embrittlement.

The next columns list the effective radius of the electron shell of hydrogen in the
various metals as well as the relative differences between the effective radius of hydrogen
ions and the radius of the interstices in which they are apparently located. These values were
calculated by Kolachev (ref. 57) based on calculations made by Gubanov (ref. 136) using
the Thomas-Fermi method of atomic radius determinations. Here too, there appears to be
little correlation between these values and the observed influence of hydrogen on metals.

The two remaining data columns of table 4 list the heat of chemisorption and the
activation energy for desorption relative to hydrogen and a metal surface. The meanings of
these parameters as discussed by Hayward and Trapnell (ref. 77) are somewhat nebulous;
however, they are related in a complex way to the character of the hydrogen-metal surface
bond. Although the published data are somewhat sparce, there appears to be little
correlation between the sensitivity of a metal to hydrogen embrittlement and the magnitude
of these parameters.

In summary, there appears to be little correlation between the occurrence of hydrogen
embrittlement in several endothermic hydrogen occluding metals and other properties of the
metal related to the hydrogen-metal interaction. The best correlation appears when one
considers the parameters of solubility; however, even here the correlation is not consistent
for all the metals considered. In general, the parameters listed in table 4 are difficult to
determine and sensitive to secondary considerations such as surface contamination and
surface condition and in some cases may be questionable. Additionally, as discussed
previously, embrittlement in some metals may be controlled by different kinetic reactions
than other metals and thus a correlation with a common parameter may never be possible.
For example, gaseous hydrogen embrittlement of copper, aluminum, and magnesium may
never be observed. This must not be interpreted to mean that hydrogen cannot influence
these metals, but that the transport kinetics limit the accessibility of hydrogen to these
metals.

In exothermic metals such as titanium, zirconium, vanadium, and tantalum, the

influence of hydrogen appears severe with failure generally associated with the formation of
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a hydride. In these alloys, particularly titanium lattice transport of hydrogen seems to

significantly influence embrittlement. This point will be discussed extensively later.

EMBRITTLEMENT OF AN ENDOTHERMIC OCCLUDER (STEEL)!

The embrittling effect of hydrogen on the fracture behavior of martensitic steels is
significant and has been studied extensively for several decades. In reference 138 the
observed features of gaseous hydrogen embrittlement (refs. 74, 139) are compared with
solution-induced hydrogen embrittlement (refs. 2, 76). It was deduced that both forms of
hydrogen embrittlement may result from the same hydrogen-metal interaction; however, the
overall form of the embrittlement process differs because of the transport of hydrogen to
the point of hydrogen-metal interaction. In both forms of embrittlement, any one of the
elementary transport reactions can control the rate of hydrogen-induced, slow crack growth
under a particular set of conditions.

In reference 138 it was suggested that hydrogen-induced, slow crack growth in a
quenched and tempered steel exposed to a low-pressure (=101 kN/m?) molecular hydrogen
environment is controlled by a heterogeneous reaction involved in the transport of hydrogen
from its molecular form in the gas phase to its atomic form on the crack surface. This
reaction was tentatively identified as a thermally activated chemisorption process involving a
physisorbed precursor. It was further determined, by comparisons of hydrogen-induced
crack growth rates and hydrogen diffusion rates, that hydrogen transport within the lattice
cannot be involved in the gaseous hydrogen embrittlement process and that, therefore, the
location of the hydrogen-metal interaction is at or just below the crack tip surface. If these
deductions are true, additional knowledge of the kinetics of hydrogen-induced. slow crack
growth in a molecular hydrogen environment does little to help understand the
hydrogen-metal interaction responsible for embrittlement. Only if this rate-controlling
reaction step, occurring on the crack surface, can be eliminated or accelerated can there
exist a possibility of studying the kinetics of the hydrogen-metal interaction.

The objective of this portion of the investigation was to eliminate the controlling
surface-reaction step involving molecular hydrogen by exposing the propagating crack to a
partially dissociated hydrogen environment. It was seen in the previous section that an

atomic-molecular hydrogen environment can influence the fracture behavior of a steel alloy

! This study has also been reported as reference 137.
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(4130) (table 3 and fig. 12). Under these experimental conditions, then, a study of the
effects of temperature, hydrogen concentration, etc., as well as the determination of the
kinetics of slow crack growth, may yield a more definite insight as to the location and
mechanism involved in the hydrogen-metal interaction of an endothermic occluder of
hydrogen, steel. Additionally, such a study may serve to emphasize that hydrogen
embrittlement can many times be complicated by secondary considerations, such as
hydrogen transport reactions, and that specific features, such as maximum embrittlement
occurring at a particular temperature, may be simply a manifestation of the transport
process and not an inherent quality of embrittlement itself.

Materials and procedure — The material employed in this study was AISI-SAE 4130
steel, quenched in oil from 843° C, and tempered for 2 hours at 250° C. This treatment
resulted in a steel having a hardness of Rc 47; tensile yield and ultimate strengths of
approximately 1378 kN/m? (200 ksi) and 1520 kN/m? (220 ksi), respectively, and an
elongation to failure of approximately 6 percent.

Two types of tests were conducted: fracture toughness tests and crack growth-rate
tests. Fracture toughness tests were three-point bend tests, as discussed in the previous
section. Beam displacement rate was controlled at 2.1X10® m/sec (5X107 in./min). Crack
growth-rate measurements were conducted on precracked, double-cantilever beam
specimens having a 1.33X107m thickness in the plane of the propagating crack and were
monitored by the use of a compliance technique previously described (ref. 138).

All tests were conducted in a stainless-steel chamber evacuated to a pressure of less
than 6.6X1075 N/m? (5X107 torr) prior to backfilling with hydrogen. As in the previous
section, an atomic-molecular hydrogen mixture was created at the crack opening by the
dissociation of molecular hydrogen on a hot tungsten filament. The filament location is
shown in figure 3 for the fracture toughness tests and in figure 13 for the crack growth-rate
tests. Specimen temperature was controlled by the use of a liquid nitrogen-cooled shroud
and quartz-lamp heaters. Specimen temperature was monitored by thermocouples welded to
the specimen adjacent to the path of the propagating crack.

Experiment and results— The experiment consisted of fracture toughness tests, crack
propagation tests, and scanning electron fractography.

Fracture toughness tests: Fracture toughness tests were conducted at various

temperatures in environments of air at 101 kN/m? (1 atm), molecular hydrogen near
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Figure 13.— Filament placement for the investigation of hydrogen-induced slow

crack growth in the presence of atomic-molecular hydrogen.
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101 kN/m? (1 atm), and atomic-molecular hydrogen mixtures at very low molecular
hydrogen pressures to compare the magnitude of KSCg and its temperature dependence.
Figure 14 is a plot of Kch as a function of temperature observed in the various test
environments and shows that Kscg’ in an air environment, is nearly independent of
temperature within the range of this study. In a molecular hydrogen environment, a severe
reduction in Kscg occurs below 120° C, with maximum embrittlement (x50 percent

reduction in K_.,) for these test conditions occurring near room temperature. These results

scg
are nearly identical to those observed in reference 138. An atomic-molecular hydrogen
environment also causes embrittlement (fig. 14) and the temperature dependence and
magnitude of Kch vary significantly from those observed in molecular hydrogen alone. Of
great significance is the fact that embrittlement is noted at temperatures up to at least
164° C (the highest temperature of this study) in the atomic-molecular hydrogen
environment.

In addition, figure 14 shows that, in an atomic-molecular hydrogen environment, KSCg
is pressure dependent in the vicinity of room temperature. This is seen more easily in
figure 15, a plot of Kch as a function of molecular hydrogen pressure at 23° C observed in
an atomic-molecular hydrogen environment. It is significant to note that, except for the
lowest pressure, embrittlement increases as pressure decreases, with maximum
embrittlement occurring near 1.1 N/m? (8X1073 torr) for these test conditions.

Crack propagation tests: Crack propagation studies led to the results shown in
figure 16, a plot of crack growth rate versus the reciprocal of absolute temperature for a
specimen under a constant stress intensity of 45 MN/m?m!/?2 (41 ksi-in}’?) in an
atomic-molecular hydrogen environment at a molecular hydrogen pressure of 1.1 N/m?
(8X1073 torr). All data in this figure were taken from one specimen to minimize material
variations. The data in figure 16 obey, within experimental scatter, a linear relationship on
this Arrhenius-type plot, indicating an exponential temperature dependence typical of a
thermally activated process. A least-mean-square analysis results in an apparent activation
energy of 28,500 J/mole (6,800 cal/mole) for dissociated hydrogen-induced, slow crack
growth. At temperatures above approximately 30° C (other experimental conditions the
same), the rate of crack growth was observed to decrease rapidly with time of exposure.
After the occurrence of this so far unexplained behavior, additional crack growth at

temperatures below 30° C would not occur without first reinitiating crack growth by
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cycling the applied load several times or by loading in the presence of a molecular hydrogen
environment near 101 kN/m? (1 atm). For this reason, we have not as yet made meaningful
crack propagation-rate measurements at higher temperatures, even though this is a most
interesting region as indicated from the fracture toughness tests.

Scanning electron fractography: The fracture surfaces of fracture toughness specimens
tested in air, molecular hydrogen, and atomic-molecular hydrogen environments were
studied by scanning electron fractographic techniques. The fracture surfaces for these
specimens appeared identical to those observed in a previous section for similar conditions
(fig. 12), that is, a ductile tear failure in air, a complete intergranular failure in molecular
hydrogen, and a mixed mode of ductile tearing and intergranular separation in
atomic-molecular hydrogen. Additionally, as might be predicted from the comparable values
of Kscg obtained, fracture toughness specimens tested in molecular hydrogen above 120°C
and in dissociated hydrogen below 0° C produced ductile-tear fractographs of nearly
identical appearance and similar to figure 12(a).

Unlike the fracture toughness specimens embrittled by atomic-molecular hydrogen,
the fracture surface of the crack propagation test specimen failed in an atomic-molecular
hydrogen environment below 30° C exhibited complete intergranular failure (fig. 17). This
fracture appearance, of course, is identical to that observed in the fracture toughness
specimens tested in a molecular hydrogen environment (fig. 12(b)).

Discussion— Embrittlement of a metal in a gaseous hydrogen environment must
involve the transport of hydrogen to some critical location on or near the metal surface or
well within the metal lattice. The equation that describes the overall transport rate can take
any number of forms depending on whether the elementary reactions are opposing,
equation (11); consecutive, equation (14); or parallel, equation (16). In reference 138 it was
speculated that the controlling reaction step for hydrogen-induced, slow crack growth in
molecular hydrogen is an elementary reaction occurring consecutively, equation (14). If this
is the case, then the elimination in this study of the heterogeneous reaction involving
molecular hydrogen as the slow reaction step in the overall transport process should result
in: (1) a change in the molecular hydrogen pressure dependence of embrittlement; (2) a
substantial increase in the rate of slow crack growth over what would be expected if the

environment did not contain atomic hydrogen; and (3) an alteration in the form of the

A-4142




A-4142

Figure 17.— SEM fractograph of a crack propagation specimen failed below 30° C in an

atomic-molecular hydrogen environment at a molecular hydrogen pressure of 1.1 N/m?.
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temperature dependence of embrittlement (a change in the observed kinetics for

hydrogen-induced, slow crack growth).
The results of the present study indicate that the heterogeneous molecular hydrogen
reaction no longer controls slow crack growth in the presence of an atomic-molecular

hydrogen environment. Hydrogen-induced, slow crack growth in the presence of a molecular

hydrogen environment was observed to obey the relation (ref. 138):

. C,PT 2 exp(—AH/RT) Em
R=C P12 exp |
? [00 ¥ C,PT % exp(—aH/RT) |° P \RT (28)

where —AH is the heat of molecular hydrogen adsorption, E, is the energy of hydrogen
adatom migration, P is molecular hydrogen pressure, T is absolute temperature, R is the
gas constant, o, is the total number of initial adsorption sites, and C; and C, are constants
defined by the experiment. Figure 15 shows that embrittlement in atomic-molecular
hydrogen first increases and then decreases with decreasing molecular hydrogen pressure,
exhibiting a maximum near 1.1 N/m? (8X1073 torr). This would not be expected if the
heterogeneous molecular hydrogen reaction were controlling slow crack growth, as defined
in equation (28). In an atomic-molecular hydrogen environment, on the other hand, the flux
of atomic hydrogen at the crack tip would_be expected to exhibit a maximum at some
pressure near 1.1 N/m? (8X1073 torr) (ref. 140) — the pressure at which the mean free path
for molecular hydrogen equals approximately 1 cm (the specimen-filament distance). At
lower pressures, the flux of atomic hydrogen at the crack is decreased because fewer
hydrogen molecules strike the hot tungsten filament than at higher pressures; at higher
pressures, the flux at the crack is decreased because of prior collisions of the atomic
hydrogen with hydrogen atoms and molecules because of a shortened mean free path.

As would be expected if a reaction involving molecular hydrogen no longer controlled
the embrittlement process, significant embrittlement was observed in atomic-molecular
hydrogen at very much lower pressures than would occur in molecular hydrogen alone. For
comparison, figure 18 shows hydrogen-induced, slow crack growth rates observed in the
presence of atomic-molecular hydrogen at 1.1 N/m? (8X1073 torr) molecular hydrogen

(fig. 16) with those expected from equation (28), assuming only molecular hydrogen to be
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present at this pressure. At the temperatures of the experiments (fig. 18), crack growth rates
in atomic-molecular hydrogen were orders of magnitude faster than would be expected if
atomic hydrogen was not present. Also, it is enlightening to consider the quantity of atomic
hydrogen available to cause such hydrogen-induced, slow crack growth. As a maximum, the
atomic hydrogen pressure at the crack opening can only be of the order of the molecular
hydrogen gas pressure. In reality, however, considering the kinetics of dissociation on hot
tungsten (ref. 81), the mean free path at these molecular hydrogen pressures (ref. 140), the
location and configuration of the filament and crack, the instability of dissociated
hydrogen, etc., the effective atomic hydrogen pressure will most probably be several orders
of magnitude less than the molecular hydrogen pressure so it is estimated very roughly,
based on geometrical considerations alone, to be of the order of 1.3X1073 N/m?
(1X1075 torr) or less at the molecular hydrogen pressure of 1.1 N/m? (8X1073 torr).
Considering the temperature dependence of embrittlement, the fracture toughness
studies (fig. 14) show that a drastic change in form from that found in molecular hydrogen
occurs when atomic hydrogen is present in the molecular hydrogen environment. In
90.6 kN/m® (680 torr) molecular hydrogen, embrittlement is maximal near room
temperature and decreases as the temperature is raised or lowered. A change in fracture
mode also occurs with temperature, consistent with observed Kscg’ from nearly total
intergranular failure at room temperature (fig. 12(b)), mixed mode in the transition regions,
and ductile tear at low and high temperatures (fig. 12(a)). These observations agree with the
results of reference 138. In atomic-molecular hydrogen at 5.3X10! and 1.1 N/m? (4X10™
and 8X1073 torr) (fig. 14), an embrittlement maximum ijs not observed within the
temperature range of this study; instead, a brittle-to-ductile transition occurs with its
temperature of transition dependent on hydrogen pressure — it is displaced to lower
temperatures with increased atomic hydrogen concentration in the atomic-molecular
environment. Unlike what was observed in molecular hydrogen at 90.6 kN/m? (680 torr),
atomic-molecular hydrogen resulted in only a partial change in fracture mode of the fracture
toughness specimens. At low temperatures and high values of Kscg’ the fracture surface
exhibited a ductile-tear appearance similar to figure 12(a); at high temperatures, however,
the fracture surface never gained the total intergranular appearance observed in molecular
hydrogen but remained as mixed mode failure (fig. 12(c)), showing only small areas of

intergranular failure. It is believed that the lesser degree of embrittlement observed in the
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fracture toughness studies in atomic-molecular hydrogen, compared to that observed in 90.6
kN/m? (680 torr) molecular hydrogen (fig. 12(b)), is the result of the experimental conditions
of this study. This conclusion is supported by the inconsistencies observed between the
fracture toughness and crack growth-rate portions of the study. Unlike the fracture
toughness specimens, the fracture appearance of hydrogen-induced, slow crack growth in
atomic-molecular hydrogen was totally intergranular below 30° C (fig. 17) and was nearly
identical in appearance to the surface of the fracture toughness specimen exhibiting
maximum embrittlement in molecular hydrogen (fig. 12(b)). Above 30° C, crack growth
rate was observed to decrease with time and the fracture mode changed from intergranular
to mixed mode failure. Possible explanations for these anomalous behaviours might lie in
the inherent instability of atomic hydrogen, which recombines to its molecular form by
means of three-body collisions (ref. 77) or the effect of contaminants present at these low
molecular hydrogen pressures (ref. 75). Both explanations might be affected by numerous
experimental parameters such as crack configuration and testing mode.

The forms of the temperature dependence of embrittlement (fig. 14) and slow crack
growth rate (fig. 16) in the presence of atomic-molecular hydrogen suggest that the
controlling reaction within this temperature range is a simple thermally activated elementary
reaction involving atomic hydrogen. In molecular hydrogen the temperature dependence is
more complex (eq. (28) and fig. 14) and involves control by more than one elementary
reaction. From figure 16, assuming an equation of the Arrhenius form (eq. (19)), the
activation energy for hydrogen-induced, slow crack growth was determined to be
28,500 J/mole (6,800 cal/mole). In an effort to establish a plausible elementary reaction
controlling crack growth in atomic-molecular hydrogen, the overall transport reaction will
be considered and this energy will be compared to known, possible, elementary
hydrogen-transport reactions.

For comparison, a very much simplified schematic illustration of possible elementary
reactions involved in hydrogen transport is shown in figure 19(a) for a molecular hydrogen
environment (the conditions of reference 138 and in figure 19(b)) for an atomic-molecular
hydrogen environment (the conditions of this study). It can be speculated that the
difference between these two overall reactions is that in molecular hydrogen, molecular
hydrogen adsorption and dissociation is involved, whereas in atomic hydrogen, the hydrogen

atom can directly chemisorb on the metal surface. Comparing the kinetics of the elementary
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transport reactions in atomic hydrogen (fig. 19(b)) with those observed for
hydrogen-induced, slow crack growth (fig. 16), the reactions occurring on the tungsten
filament and gas phase migration of atomic hydrogen can be eliminated because in the
former the filament temperature was kept constant while in the latter the pressure was kept
constant throughout the experiments. Additionally, the chemisorption of atomic hydrogen
can be eliminated since this reaction is very rapid (réf. 141) on metals and would involve an
exothermic heat of reaction as do other atomic hydrogen chemisorption reactions (ref. 79).
The two remaining reactions are the hydrogen solution reaction (the reaction by which
hydrogen is dissolved into an interstitial site in the ferrous lattice) and lattice diffusion of
hydrogen. A study? of hydrogen transport kinetics in quenched and tempered
AISI-SAE 4130 steel with the same heat treatment as the material of the present study
found that the activation energies for gas-phase permeation and lattice diffusion were
35,000 and 7,900 J/mole (8,400 and 1,900 cal/mole), respectively, with a resulting
activation energy for absorption (solution) of 27,200 J/mole (6,500 cal/mole). From these
results, if concentration gradient diffusion were involved (eq. (26)) the activation energy for
crack growth should be 35,000 J/mole (8,400 cal/mole), which is not the case. We conclude
then that the solution reaction is the elementary reaction controlling slow crack growth. If
this is the case, the hydrogen-lattice interaction resulting in embrittlement must be located
just below the crack tip and not well within the metal lattice, since diffusion transport in
the lattice (shown to be a slower reaction than the other reaction steps in these hydrogen
and stress gradients, ref. 138) cannot be involved.

The exact elementary reaction cannot be concluded unequivocally even though, using
the rationale of the above discussion, the hydrogen-metal embrittlement interaction is
isolated to a location near the tip of the crack and the correlation between the activation
energies for crack growth in atomic-molecular hydrogen and the hydrogen solution reaction
is excellent. Oriani® has put forth a valid criticism of this interpretation of the exact
meaning of the energy for solution as determined in a permeation experiment and claims

that this is not an activation energy for a reaction but rather a heat of solution resulting

2Unpublished work “Hydrogen Permeation and Diffusion in 4130 Steel and a-Iron,” by Howard G.
Nelson.
3Letter to H. G. Nelson from R. A. Oriani, United States Steel Corp., Bain Laboratory for

Fundamental Research, Monroeville, Pa., Sept. 18, 1970.
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from thermodynamic equilibrium between hydrogen in the gas phase and hydrogen within
the metal lattice. This may be the case, but there are numerous examples where the heats of
solution cannot be explained by thermodynamic equilibrium (refs. 60,142). The hydrogen
transport process is too complex to unequivocally identify an energy with a particular
elementary reaction so we can only conclude that the energies for the two particular
processes are similar (crack growth and solution) and thus can be controlled by the same

. . . . . .
elementary reaction. In both cases this reaction is a surface or near surface associated

Process.

EMBRITTLEMENT OF AN EXOTHERMIC OCCLUDER (TITANIUM)?*

Titanium, like zirconium and other metals previously discussed, differs from steel in
that titanium is an exothermic occluder of hydrogen, which can react with titanium to form
a hydride phase. In a-titanium this phase is stable at very low hydrogen concentrations, even
at room temperature. The dispersed, stable, hydride phase is accepted by most investigators
to be the cause of at least one form of hydrogen embrittlement observed in o8
titanium alloys, that is, high strain-rate, or, impact hydrogen embrittlement (ref. 144). A
second form of hydrogen embrittlement, known as slow-strain-rate embrittlement, has also
been attributed by some to the presence of a hydride phase (ref. 144); however, this form of
embrittlement in many respects resembles the hydrogen-induced cracking observed in
endothermic occluders (steel), and has thus been attributed by others (ref. 145) to the
presence of nascent hydrogen in the titanium lattice.

A gaseous hydrogen environment can influence the fracture behavior of titanium
alloys (ref. 74); the degree of susceptibility being dependent on the form of the o-8
microstructure (table 3 and figs. 10 and 11). The objective of this portion of the present
study was to consider more fully the effects of variations in the a-8 microstructure
on the susceptibility to and severity of environmental hydrogen embrittlement of an
off titanium alloy. These observations were correlated with potential elementary
hydrogen transport reactions in an effort to qualitatively identify the reactions controlling
embrittlement, as well as the location of the embrittlement interaction. Additionally, such a

study should serve to elucidate the form of slow-strain-rate embrittlement, that is, whether

the formation of a hydride phase is involved.

4Portions of this study have been reported in reference 143.
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Materials and procedure— The material used in this study was commercially obtained
Ti—6A1-4V alloy received in the mill-annealed condition. Prior to testing, all specimens
were either solution treated at 774° C for 40 min, water quenched, and aged at 510° C for
12 hr; or solution treated at 1037° C for 40 min, stabilized at 704° C for 1 hr and 593° C
for 1 hr, and air cooled.

Test specimens and procedure are as have been described. Fracture toughness tests
were conducted on precracked bend specimens that were loaded in three-point bending
(fig. 3). The nonstandard stress-intensity values were calculated and designated Kscg' Crack
growth-rate measurements were conducted on precracked, tapered, double-cantilever beam
(TDCB) specimens (fig. 13) and the rate of crack propagation was monitored by the use of a
compliance technique.

All tests were conducted in a stainless-steel chamber that could be evacuated to a
pressure of better than 6.6X10™ N/m? (5X1077 torr) prior to backfilling with hydrogen to
the desired test pressure. The fracture toughness tests were conducted at a constant
displacement rate of 8.9X10°® m/sec (3.5X107¢ in./sec).

Experiments and results— The microstructures resulting from the two heat treatments
employed in this study are shown in figure 20. The low-temperature solution treatment and
age (fig. 20(a)) resulted in primary o-phase, equiaxed grains forming a continuous matrix
with the retained f-phase finely dispersed in the a boundaries. The solution treatment that
was well into the S-field followed by a stabilization (fig. 20(b)) resulted in a structure of
coarse acicular c-phase, that is, transformed o-platelets in a §-matrix.

Fracture toughness tests: Fracture toughness tests were conducted on specimens at
various hydrogen pressures ranging from 90.6 kN/m? (680 torr) to 1.3 N/m? (1X107 torr).
Figure 21 shows the results of these tests where embrittlement, as defined by the ratio of
Kch in hydrogen to KQ in air, is plotted as a function of the pressure of the hydrogen
environment. At the constant displacement rate of these tests (8.9X10™® m/sec
(3.5X107° in./sec)), hydrogen at a pressure near 1 atm embrittles both structures, but has a
greater effect on the Ti—6A1—-4V alloy with an acicular o microstructure than on that with
an equiaxed, primary a microstructure. Additionally, as the hydrogen pressure is
decreased, the degree of embrittlement observed in the specimens having an acicular
microstructure is decreased until, at a hydrogen pressure of approximately 1.3 N/m?
(1X1072 torr) no embrittlement is observed. In contrast with these observations, the degree
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Figure 20.— Representative microstructures of the titanium alloy (6A1—4V): (a) solution
treated at 774° C for 40 min, water quenched, and 510° C age for 12 hr, (b) solution
treated at 1037° C for 40 min, stabilized at 704° C for 1 hr and 593° C for 1 hr, and
air cooled. Kroll’s etch.
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of embrittlement in specimens with a primary « microstructure appears to be unaffected by
a decrease in the environmental hydrogen pressure down to at least 1.3 N/m? (1X1072 torr),
the lowest pressure of this study.

The influence of test displacement rate on the severity of embrittlement (Kscg/KQ)
observed in specimens having the two different structures was studied at a constant
hydrogen pressure of 90.6 kN/m? (680 torr), Figure 22 shows the results of this study. As is
seen for a given microstructure, there exists a large influence of displacement rate on the
severity of embrittlement with severity increasing with decreasing displacement rate.
Further, the microstructure characterized as having a continuous § matrix (i.e., the
acicular « structure) is more severely embrittled for a given displacement rate; if the
displacement rate were reduced sufficiently, however, it appears that the microstructure of
fine equiaxed o without the continuous 8 network would also exhibit severe
embrittlement.

The microscopic fracture path of hydrogen-induced slow crack growth was also
investigated in specimens having both types of microstructures tested at a constant
displacement rate of 8.9X10® m/sec (3.5X107 in./sec). In specimens having an equiaxed
primary « microstructure, growth appeared to be primarily transgranular through the
a-phase grains with some intergranular growth present at all pressures investigated. In
specimens having an acicular « microstructure, hydrogen pressure was observed to have an
effect on microscopic fracture path. Figure 23 shows typical subsurface cracks observed in
acicular specimens failed in hydrogen at 90.6 kN/m? (680 torr) (fig.23(a)) and at
1.3X10% N/m? (1 torr) (fig. 23(b)). At the higher hydrogen pressure, cracking occurs in an
intergranular manner along prior § and transformed o platelet boundaries. At the lower
hydrogen pressure, cracking is primarily transgranular through the prior § grains and across
the transformed « platelets.

Crack propagation tests: Hydrogen-induced, slow crack growth was studied from
—45° C to 80° C to establish the controlling reaction kinetics of this rate process. Figure 24
is a plot of crack growth rate versus the reciprocal of absolute temperature obtained from
the TDCB-type specimen having an acicular microstructure. Crack growth rate increases
with increasing temperature from —45° C to 23° C and then appears to remain constant.
Scanning electron fractography was conducted along the fracture surface. At the lower

temperatures the fracture was macroscopically flat with failure occurring by intergranular
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Figure 23.— Microscopic hydrogen-induced cracking observed in the titanium alloy (6A1-4V)
having an acicular c-phase microstructure; (a) tested at a hydrogen pressure of

9.06X10* N/m?, (b) tested at a hydrogen pressure of 1.3X10? N/m?. Kroll’s etch.
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separation, similar to figure 11(b). At temperatures near room temperature failure
continued intergranular; however, severe macroscopic crack branching occurred. Such
crack branching invalidates growth rate measurements so observed rates above 23° C will
not be considered. Employing the Arrhenius type analysis (eq. (19)) from —45° C to 23° C,
assuming a thermally activated rate process, yields an activation energy of 19,700 J/mole
(4,700 cal/mole).

Similar slow-crack-growth-rate measurements were attempted in TDCB specimens
having a primary equiaxed a-phase microstructure. Such attempts were totally unsuccessful
because of the severe crack branching that occurs in this microstructure at all temperatures
investigated.

Discussion— The interdependence between the experimental parameters of time
(displacement rate), temperature, pressure, and microstructure, and the severity of
embrittlement comes about through the involvement of these parameters in the overall
transport reactions or interaction process. Considering the titanium system, the hydrogen
transport processes are basically the same as those involved in the embrittlement of steel and
will include molecular hydrogen adsorption on the metal surface, hydrogen dissociation, and
others, depending on the location of the embrittlement interaction. These processes are, in
general, thermally activated involving a linear dependence on time, an exponential
dependence on temperature, a power dependence on hydrogen pressure, and possibly some
direct dependence on the metal’s microstructure. The latter dependence is particularly true
if the embrittlement reaction occurs well within the metal lattice where hydrogen diffusion
must be an elementary reaction step. Unlike steel, however, hydrogen can interact with
o-titanium exothermally and form a stable titanium-hydride phase. This phase is extremely
brittle and its presence in the titanium matrix is the basis of many theories of hydrogen
embrittlement of titanium (ref. 144).

From the above considerations we are able to qualitatively consider the overall
process of environmental hydrogen embrittlement of the Ti—6A1—4V alloy. This alloy was
found to be susceptible to embrittlement in both heat-treated conditions with severity of
embrittlement strongly dependent on alloy microstructure, displacement rate, and hydrogen
pressure. Specifically, at a constant displacement rate the equiaxed o microstructure was
found to be less susceptible to embrittlement in hydrogen at a pressure near 1 atm than the
acicular o microstructure (fig. 22). Additionally, in the equiaxed microstructure, severity
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of embrittlement was found to be independent of pressure; whereas in the acicular
microstructure it was dependent on pressure (fig. 21). It is emphasized that the primary
difference between these microstructures is that in the equiaxed structure, the a-phase is
continuous and in the acicular the §-phase is continuous.

The extreme dependence of environmental-hydrogen embrittlement on the form of
the o+ microstructure suggests that hydrogen transport within the metal lattice is involved
in the embrittlement process, at least for these structures containing a f-matrix. From
information available in the literature, it has been established that at room temperature
hydrogen transport in S-phase titanium is several orders of magnitude more rapid than in
a-phase titanium (ref. 146). These relative transport rates can explain the data of figure 22
where it is shown that the displacement-rate (time) required to observe a given degree of
embrittiement at a constant pressure is several orders of magnitude slower for the
microstructure having a continuous o-matrix than for the microstructure having a
continuous f-matrix. The continuous g-matrix appears to act as a “short-circuit’ transport
path that allows more hydrogen to get to a given point within the metal lattice in a given
time. As the environmental hydrogen pressure is decreased, the hydrogen concentration near
the surface in the $-phase is lowered, concentration-gradient-induced diffusion in the §-phase
is decreased, and embrittlement becomes pressure dependent (fig. 21).

Because hydrogen transport within the titanium lattice appears to be involved for
microstructures having a g-matrix, the location of the embrittlement interaction must be
within the metal ahead of the crack tip. This deduction, together with the intergranular
failure mode observed in this microstructure, agrees with the embrittlement theory of
Craighead et al. (ref. 106) for hydrogen-charged «-8 titanium alloys. These authors put forth
the idea that hydrogen within the §-phase segregates at the «/B boundaries and results in
embrittlement characterized by intergranular separation. The exact form of the
embrittlement interaction occurring at the /8 interface is unclear; however, embrittlement
as a result of hydride formation has been demonstrated (ref. 147) as one possible mode. The
fractographic observations on the specimens having an « acicular microstructure lend
support to the idea of intergranular failure by the brittle failure of a hydride film
(fig. 20(b)). In this microstructure the fracture surface always contains a terrace-like
substructure that can easily be interpreted as stepwise crack growth by the formation and

rupture of a brittle hydride film (ref. 148).
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For the microstructure having a continuous a-matrix (equiaxed «), cracking
undoubtedly occurs along a/f8 boundaries in a manner similar to that described for -matrix
material;, however, because of the relatively small volume fraction of (-phase and the
discontinuous nature of the a/f boundaries, this mode of cracking does not contribute
significantly to either the mechanical behavior or fracture appearance of a~-matrix materials.
In these microstructures, the type of hydrogen-induced cracking that results in the observed
embrittlement is transgranular in nature and may result from an interaction between
o-titanium and hydrogen either at the surface or within the a-grains. In any case the
hydrogen must interact directly with the a-phase titanium. The form of this interaction may
be speculated by consideration of the hydrogen-o titanium-y hydride equilibrium.
Employing the equation of either McQuillan (ref. 104) or Giorgi-Ricca (ref. 149) for the
equilibrium hydrogen concentration at the o/(a+7) solvus, the equilibrium hydrogen
pressure can be calculated to be approximately 6.7X107'? N/m? (5X107'* torr) near room
temperature, at pressures above which hydride formation will occur. That is, at the lowest
pressure of the present study (1.3 N/m? (1X1072 torr)) hydride formation on «-titanium
should be controlled by nonsteady-state reaction kinetics and should be independent of the
environmental hydrogen pressure, consistent with the observations of the present study
(fig. 21). Additionally, transgranular cracking observed in this microstructure is consistent
with the idea of hydride formation (refs. 150, 151) within the a-phase titanium grains.

Based on the above ideas, hydrogen-induced cracking in titanium involves the
competition between intergranular failure at the «/8 boundaries and transgranular failure
through the a-grains. The rate of cracking of the latter process for all extensive purposes is
independent of pressure, whereas the former process is dependent on pressure. Consistent
with this is the pressure dependence of the failure mode observed in the acicular «
microstructure, the continuous S-matrix material (fig. 23). At high pressures, cracking along
the /B boundaries is rapid and failure is intergranular (fig. 23(a)); however, at some pressure
the two processes become competitive and mixed mode failure is observed (fig. 23(b)). At
low pressures, intergranular cracking does not occur, the a-phase titanium is shielded from
the environment by the §-phase titanium and failure occurs by ductile-tearing with little or
no influence of hydrogen on fracture (fig. 21).

The form of the temperature dependence of hydrogen-induced, slow crack growth in

the acicular a-microstructure (fig. 24) suggests control within this temperature range by a
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simple, thermally activated elementary reaction exhibiting an activation energy of
19,700 J/mole (4,700 cal/mole). As discussed for steel in the previous section, it is difficult
to unequivocally identify the rate controlling elementary reaction because of the complex
nature of the overall hydrogen transport process; however, two elementary reactions are
suggested based on the speculated location of the hydrogen-embrittlement interaction in
this B-matrix material. At first perusal, the most obvious is nonsteady-state diffusion
transport within 8-phase titanium. Several investigators (refs. 105, 146, 152) have observed
the activation energy for diffusion transport of hydrogen in §-phase to be approximately
20,900 N/mole (5,000 cal/mole). This, of course, is similar to that observed in the present
study for slow crack growth. (Steady-state transport must involve the heat of solution
(ref. 104) as well as the activation energy for diffusion through equation (eq. (26)) and thus,
does not apply.) The observed pressure dependence of embrittlement of this structure
(fig. 21), however, is not consistent with nonsteady-state transport. Nonsteady-state
transport is independent of pressure (ref. 47), which negates this as a possible controlling
elementary reaction. The second elementary reaction in titanium exhibiting first-order
reaction kinetics and a similar activation energy, 20,900 N/mole, is the initial stage of
hydride precipitation in c-titanium (refs. 153, 154). The inclusion of this reaction in the
embrittlement process is consistent with the idea that failure occurs at the «/8 boundaries in
continuous $-matrix material as a result of hydride precipitation. To date this appears to be
the most plausible rate controlling elementary reaction for the embrittlement of this

material.
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MECHANICAL ASPECTS OF HYDROGEN-INDUCED FAILURE

HYDROGEN SENSITIVITY OF CRACK INITIATION

The crack initiation stage of fracture is relatively unimportant in most engineering
structures because the great majority contain preexisting flaws due to processing, etc.
However, this is not the case in all structures or, more importantly, in many test specimen
configurations often used for the evaluation of hydrogen embrittlement. For this reason it is
important to understand the potential influence of hydrogen on the crack initiation stage of
fracture.

Most models for crack initiation involve the interaction of dislocations with strong
planar defects within the metal lattice (refs. 20-23) and are common in that the stress to
initiate a crack is proportional to some function of surface energy. In general, crack
initiation is an internal process that occurs within the metal structure and not on or very
near the metal surface. It can be more easily understood how hydrogen within a metal
lattice can influence this stage of fracture than hydrogen originally present only in the
environment. In endothermic occluding metals, Tetelman et al. (ref. 44) have demonstrated
that crack initiation can occur in a supersaturated metal lattice by the precipitation of
molecular hydrogen at an internal defect. Such internal defects are numerous in metals and
their interaction with hydrogen is further demonstrated by the anomalous hydrogen
diffusion behavior that is sometimes observed (refs. 129, 155). In exothermic occluders
hydrogen-induced, crack initiation has been demonstrated to occur within a metal as a result
of crack initiation in a brittle hydride precipitate (ref. 156) or by the interaction of
dislocations with this precipitate (ref. 157).

Crack initiation as the result of the interaction of environmental hydrogen with a
metal is difficult to access. Because diffusion in metals is slow at ordinary hydrogen
pressures at room temperature, it must be assumed to be a surface or near surface process.
In endothermic metals it is difficult to understand how an environment can affect surface
behavior sufficiently to influence the crack initiation stage of fracture unless the stress at
that surface approaches the strength of the metal lattice. This need not be the case in
exothermic metals. The formation of the brittle second-phase precipitate on the metal
surface by the reaction with the environment may act similar to the presence of a brittle

hydride within the metal lattice. Crack initiation in both types of metals, like the process
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of crack propagation discussed previously, must involve hydrogen adsorption, which is
essentially nonexistent on metal oxides (ref.77). Therefore, if the influence of
environmental hydrogen is to be observed, it must be preceded by the formation of a clean
metal surface, that is, the removal or fracturing of the normally present surface oxide layer
by plastic deformation, abrasion, or such. The influence of an oxide layer is relatively
unimportant in crack growth rate behavior because the presence of a crack offers a
sufficient stress concentrator to fracture an oxide at low applied loads. This is not the case,
in general, for crack initiation stage of fracture. If because of the properties of the oxide or
if the metal does not deform significantly during loading and the oxide is never fractured,
the most susceptible alloy will not demonstrate the degrading effects of the environment. It
is essential, then, that a stress concentrator exist so local plastic deformation will occur early
in the loading process.

The purpose of this portion of the present investigation was to establish the influence
of hydrogen on the delayed failure of notched specimens of an endothermic occluding metal
(steel) and an exothermic occluding metal (titanium) in an effort to elucidate the role of
environmental hydrogen in the crack initiation process.

Materials and procedure— The material used in this study was commercially obtained
AISI-SAE 4130 steel, Ti—6Al4V titanium alloy, and Ti—70A commercially pure titanium
alloy. The 4130 steel was heat-treated to give a martensitic structure by quenching in oil
from 843° C and tempering for 2 hr at 250° C. The Ti—6Al—4V alloy was heat-treated to an
acicular c-microstructure by solution treating for 40 min and then stabilized.

Tests were conducted on notched (not precracked) bend specimens loaded in
three-point bending. These specimens were 1.90X102 m (0.75 in.) wide, 3.17X103 m
(0.125 in.) thick with a side notch to a depth of 8.0X10™ m (0.031 in.) (fig. 25).

All tests were conducted in a stainless-steel chamber that could be evacuated to a
pressure of better than 6.6X10™5 N/m? (5X1077 torr) prior to backfilling with hydrogen to
the desired test pressure. The bend tests were conducted at a constant displacement rate of
8.9X107® m/sec (3.5X107% in./sec).

Surface hydride formation studies were conducted in three-point bending employing
the test facility (fig. 3). In these tests the tungsten filament was used as an electron source
to heat the test specimen. The chamber was pumped to better than 6.6X10™ N/m?

(5X10° 7 torr). The normally present oxide layer was removed from the specimen surface by
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Figure 25.— Three-point bend specimen containing a side notch.
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heating the specimen to approximately 750° C for about 1 hr (ref. 154). This was
accomplished by the use of a potential of near 5000 volts placed between the hot filament
(approximately 2500° C) and the specimen. Specimen temperature was determined by the
use of an iron-constantan thermocouple spot-welded near the notch on the tension side of
the bend specimen. Following the soak period, the specimen was cooled in vacuum to room
temperature and hydrogen was introduced into the chamber to a pressure of 90.6 kN/m?
(680 torr).

Experiments and results— The experiments consisted of three-point bend tests and
hydride formation tests.

Three-point bend tests: Bend tests were conducted on the 4130 steel and Ti—6A1—-4V
alloy to establish the hydrogen sensitivity of these materials when a notch to concentrate
deformation, but not a precrack, is present in the specimens. The distributions in failure
load observed for the 4130 steel specimens tested in air and hydrogen are shown on
figure 26. All specimens tested in air failed between 4 and 4.2 kKN (900 and 950 1b);
however, in hydrogen one specimen failed at a load of as low as 2.2 kN (500 Ib) with the
number of failures increasing as the failure load in air is approached. Additionally, a
significant number of specimens failed in hydrogen at the same range of loads as those
tested in air. The distributions in failure loads observed for the Ti—6Al1—-4V alloy tested in
air and hydrogen are shown in figure 27. All specimens tested in air failed between 2.2 and
2.4 kKN (500 and 550 1b). In hydrogen, unlike the distribution observed in steel (fig. 26), all
titanium specimens failed at loads near, but less than, those observed in air. No titanium
specimen failed in hydrogen at the same load range as in air. In both the steel and titanium
specimens tested in hydrogen, once the crack initiated at the notch, propagation to failure
was very rapid.

Hydride formation tests: Tests were conducted in a hydrogen environment at room
temperature on commercially pure titanium free of surface oxide to establish the propensity
of this all-a titanium alloy to form a surface hydride layer and the ability of this layer to
fragment under load and initiate a crack. A number of test runs were conducted in which
“clean’ titanium specimens were cyclically strained both in the elastic and into the plastic
regime. Under these conditions no surface hydride layer was observed with a light
microscope. In one test run, however, a violent reaction occurred between the titanium

alloy and the hydrogen environment immediately following the introduction of hydrogen
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into the test chamber. This reaction continued for approximately 3 min, ejecting material
continuously, with a resulting crater 3.17X103 m (0.125in.) deep and 9.52X1073 m
(0.375 in.) in diameter formed on the specimen surface near the original location of the
welded iron-constantan thermocouple. A cross section of part of this crater is shown in
figure 28. Long stringers of apparent second-phase material extend from the edge and base
of the crater into the alloy. The specimen was next strained by three-point bending in the
elastic region. Figure 29, a photomicrograph of these second-phase stringers following
straining, shows that each stringer contains a crack extending the full length of the stringers
from the surface of the crater.

Discussion— The results of this study (figs. 26 and 27) demonstrate the less sensitive
and less predictable nature of fracture behavior of notched specimens as compared with
specimens containing a precrack (table 3) tested in a hydrogen environment. These
observations can be interpreted in terms of the relatively insensitive and haphazard character
of the crack initiation stage of fracture, as previously discussed. Specifically, in the
endothermic occluding alloy (steel) the influence of hydrogen on the failure load of notched
specimens ranged from severe in a few specimens with most specimens exhibiting little of no
observable effect (fig. 26). The range of sensitivity observed in this alloy is probably related
to the strong influence of physical variables such as notch smoothness and surface defects.
In the exothermic occluding alloy (titanium), failure load in hydrogen was observed to be
more predictable, although never as severe as that observed for steel (fig. 26) and always less
than that in air (fig. 27). These observations suggest that crack initiation in titanium,
compared with steel, originates from a fairly predictable process. Such a process may be the
formation of a thin surface hydride layer in which the crack can initiate at loads slightly less
than necessary for failure in air.

Hydride formation is thermodynamically feasible (refs. 104, 149) and probably occurs
on the clean surface of all- « titanium alloys (ref. 158). A continuous thin layer of hydride
can, in fact, protect the titanium from further hydride formation (ref. 158). There is little
doubt that under the right conditions severe hydride formation and spallation can occur.
Similar observations have been made at room temperature in columbium and in tantalum
where severe fragmentation has been observed as the result of hydride formation originating

at a thermocouple attachment (refs. 159, 160). If fragmentation occurs in titanium alloys,
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Figure 28.— Cross section of a crater formed on the surface of a titanium specimen by the
interaction with the hydrogen environment at the location of the welded

thermocouple.
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Figure 29.- Second-phase stringers formed in titanium from a hydrogen environment

showing the existence of cracks following elastic deformation.
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crack initiation in the stringers is essentially spontaneous because of the brittle nature of the
hydride phase (fig. 29).

From the above discussion, one of the most important considerations in the evaluation
of a test result, particularly related to environmental hydrogen embrittlement, is a
knowledge of the relationship of the parameter being measured in the test to the fracture
process. For example, test configurations such as the smooth tensile bar, the notched tensile
bar, and the burst disc (extensively used in France to measure environmental hydrogen
embrittlement, ref. 161) can lead to erroneous conclusions concerning the susceptibility of
the alloy tested. In these test configurations crack initiation must occur prior to the
propagation stage of fracture, whereas in actual service conditions preflaws almost always
exist. Crack initiation is haphazard, and most of the variables on which it depends are not
sensitive to the environment so it is less dependent on the environment than the
propagation stage of fracture. When such tests are employed, an alloy that is extremely

sensitive to embrittlement in the propagation stage and insensitive in the initiation stage will

exhibit little or no deleterious influence of hydrogen. In such tests those aIloy—s that indicate

susceptibility to hydrogen should be considered affected by hydrogen; however, those that
are indicated to be unaffected must be considered potentially susceptible until proven
otherwise. This problem can be circumvented by the use of a precracked specimen where

crack initiation is no longer a required process.

DEFORMATION DURING HYDROGEN-INDUCED CRACK GROWTH

One of the classic experiments related to the embrittlement of hydrogen-charged
endothermic occluding metals is that by Tetelman (ref. 162). He observed the formation of
microcracks on {100} planes in Fe—3%Si single crystals in the absence of applied load by
the precipitation of molecular hydrogen during electrolytic charging at 23° C or when
crystals were quenched from elevated temperatures in a hydrogen atmosphere. This work
has since been extended (refs. 163, 164) to include a rather extensive analysis of plastic
deformation accompanying crack propagation. From these studies, Tetelman (ref. 76) has
been successful in describing hydrogen-induced, discontinuous crack growth as a
modification of the theory first proposed by Zapffe (ref. 165) in which growth was
controlied by the diffusion of hydrogen to these internal cracks to maintain the necessary

pressure. Recently, Bernstein (ref. 166) extended the study of failure in Fe—3%Si
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polycrystal material to a gaseous hydrogen environment and found a significant decrease in
ductility with a cleavage mode of fracture.

The purpose of this portion of the investigation was to establish in an endothermic
occluding alloy (Pe—3%Si) whether crack growth in a hydrogen environment occurs in a
continuous or discontinuous manner, the extent of plastic deformation associated with
crack growth, and the influence of grain boundaries on the propensity of the material to fail
by intergranular or transgranular separation. The technique employed was similar to that
used by Tetelman (ref. 162) in which plastic deformation was revealed by a dislocation
decoration procedure (ref. 167).

Material and procedure— The material used was the iron alloy having the composition
Fe—3.508i—0.005C that could be etch-pitted. The 3.17X10™3 m thick polycrystalline
material (as received) was given a critical strain of approximately 5 percent and annealed at
approximately 1200° C for 1 hr. This procedure resulted in a grain size of 1X107 to
2X10? m in diameter. X-ray diffraction orientation analysis was conducted and specimens
2X107% m wide and 4X10? m long were sectioned from the sheet such that a major grain,
having its (100) plane perpendicular o the long axis of the specimen, intersected the edge of
the specimen.

As previously described, the test chamber wuas evacuated to better than
6.6X107° N/m? (5X107 torr) prior to backfilling with hydrogen. The specimens were
notched into the major grain by use of a jeweler’s saw. Cleavage cracks along the (100) plane
were extended from the notches by cooling the specimens to liquid-nitrogen temperature
and spreading the notches with a wedge. Specimens were pulled to failure in vacuum and in
90.6 kN/m? (680 torr) hydrogen and were etch-pitted using the normal technigue
(ref. 167).

Results— Tests were conducted on specimens containing a (100) cleavage precrack,
loaded perpendicular to this plane in either a vacuum or a hydrogen environment. All
specimens pulled in vacuum failed by a chisel-point type failure associated with gross
deformation and the inability of the existing cleavage precrack to continue propagation. In a
hydrogen environment the cleavage precrack continued to propagate by cleavage on the
(100) plane at low applied loads. Figure 30 is a profile of a specimen tested in a hydrogen
environment. The saw cut can be seen at the left edge of the specimen. The precrack

originally extended midway across the large grain from the saw cut. In this figure the light
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Figure 30.— Gaseous hydrogen-induced crack growth profile of a large grained Fe—3%Si

alloy specimen containing a cleavage precrack on a (100) plane.
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areas indicate dislocation decorated material and the dark areas indicate dislocation free
material. Figure 31 is a fractograph of a portion of the hydrogen-induced fracture of the
specimen shown in figure 30. Hydrogen-induced crack growth occurs by the continuation of
(100) cleavage, is negligibly affected by a grain boundary if a properly oriented cleavage
plane exists in the second grain for continued propagation, ar s little or no deformation
associated with it, even at the point of crack initiation. Figure 32, a photomicrograph of the
crack tip of this specimen at a higher magnification, shows that crack growth stops at a grain
boundary, with extensive deformation, when the new grain (the third grain) does not
contain a cleavage plane of the correct orientation. Figure 32 is a further example of this
behavior in another specimen where the crack continues by what appears to be a fearing
mode with extensive deformation.

Discussion— The resulis of the present study indicate that hydrogen-induced crack
growth in this endothermic occluding Fe--3%Si alloy occurs by ifransgranular cleavage
(figs. 30 and 31) with no evidence of intergranular separation even when cleavage i3 not
possible (figs. 32 and 33). Bernstein (ref. 166) has reviewed the observed modes of
hydrogen-induced failure in iron and found them to be dependent on such variables as
interstitial level and carbon-oxygen level. Such variables were not controlled in the present
study; however, there is little doubt as to the mode of failure in at least this Fe~3%Si
material.

Unlike the discontinuous nature of hydrogen-induced crack growth observed in
hydrogen-charged specimens (refs. 162, 163) crack growth observed in the presence of a
gaseous hydrogen environment appears continuous fo the extent that crack growth does
not result in areas of plastic deformation where the crack stops and starts. Further, no
observable deformation occurred on the continuation of a preexisting, stopped. cleavage
crack in a hydrogen environment. The apparent lack of deformation asgsociated with
hydrogen-nduced crack propagation in this material suggests that crack growth occurs at
the crack tip or not significantly abead of the crack tip and that the surface energy or the
bond energy of the iron lattice is reduced by the presence of the hydrogen environment,
The alternative possibility that plastic deformation is influenced by the hydrogen
environment appears negated by the lack of decorated dislocations near the crack and the
difficulty of hydrogen to penetrate the iron lattice at these pressures and temperatures, as

discussed previously.
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Figure 31.— SEM fractograph of a large-grained Fe—3%Si alloy specimen failed in

hydrogen. i
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Figure 32.— The intersection of a hydrogen-induced cleavage crack with a grain not

oriented for continued (100} cleavage.
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COMBINED INFLUENCE OF MECHANICALLY AND KINETICALLY INDUCED
CRACK GROWTH

Stable crack growth at subcritical stress-intensity levels can occur in materials as a
consequence of kinetic reactions involving the material and a chemical species, such as
hydrogen. An additional form of subcritical crack growth occurs when a metal is cyclicly
loaded. This form of crack growth, termed fatigue crack growth, dees not involve a chemical
species but is solely the result of mechanical considerations occurring at the crack tip
(ref. 168). The combined phenomenon of kinetically and mechanically induced crack
growth is termed corrosion fatigue and is due to the combined action of chemical and
fatigue attack on metals.

In this portion of the investigation we will consider the stable. subceritical erack growth
stage of fracture under conditions of corrosion fatigue. Specifically, a comparison will be
made under conditions of static and cyclic loading between the hehavior of an exothermic
occluding titanium alloy in a gaseous hydrogen environment with its behavior in a vacuum
environment. Titanium can exhibit a broad range of susceptibility fo
environmental-hydrogen embrittlement depending on alloy microstructure, so a variation of
this parameter under conditions of fatigue attack will dramatize the importance of the
kinetic and mechanical aspects of hvdrogen-induced crack growth. Additionally, the
corrosion fatigue characteristics of this hydrogen-metal system will have been established.

Materials and procedure— The materials were two heats of commercially obtained
Ti—5A1-2.5Sn alloy plate both of which had an original thickness of 1.27X1072 m
(0.50 in.). Test specimens were machined such that the propagating crack would be
transverse to the rolling direction of the plates. Specimens were heat treated at 1010° C and
1065° C in a vacuum furnace for 15 minutes and furnace cooled with the resulting
microstructures shown in figure 34. Both microstructures contained acicular o-phase
platelets with some S-phase in the boundaries; for those heated io the higher temperature,
however, the acicular structure was coarse while to the lower temperature it was fine, the
former having much less phase boundary area than the latter.

The test specimen configuration, compliance calibration, and analysis used were
identical to those employed in reference 169 and thus will be reviewed only briefly.
Specimen configuration was of the double-cantilever-beam type (fig. 35). Load was applied

to the specimen by the use of a closed-loop, servo-controlled, hydraulic actuator, and
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crack-opening displacement was measured by a linear variable differential transformer
mounted across the crack at the loading points. The compliance calibration was determined
for this specimen and, by an analytical technique described below, these compliance values
were used to calculate stress-intensity values and crack-growth rates.

Specifically, the compliance curve was found to be represented by
C= Aa" 29

where a is the <crack length and constants A and n have values of
1.43X1075 in.-deflection/(in.-length)™-1b and 2.22, respectively, for the Ti—5A1—2.5Sn alloy
specimens. Through the use of elastic mechanics, the following equation was developed by
Williams and Nelson (ref. 169) to describe the stress intensity as a function of applied load

and crack-opening displacement.

Kj=5.96X10% P°725§°-275 (ksi-in.!"?) (30)

where P is load in pounds and & is crack-opening displacement in inches. For any fixed
load or displacement, therefore, the instantaneous stress intensity can be determined from
the instantaneous crack-opening displacement or load, respectively. From the same
equations used for the development of equation (30) crack length can be shown to be given

by

azal/np'l/nA‘l/n (31)

Differentiating a with respect to §, dividing by dt, and substituting the compliance

constants A and n, we obtain

da/dt=6.84X10! §70-549 p0-450(35/at) (32)

for a andé in inches and P in pounds. For any fixed load and known crack-opening
displacement, the crack growth rate can be determined from the instantaneous time change
in crack-opening displacement. Likewise, differentiating equation (31) with respect to P,
dividing by dt, and substituting the compliance constants, we obtain
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da/dt = —6.84X 10" §°-450 p1-450(34p/dt) (33)

For any fixed displacement and known load the crack growth rate can now be determined
from the instantaneous time change in load.

As in the previous portions of this investigation, tests were conducted in a test
chamber that could be evacuated prior to backfilling with hydrogen to a pressure of
90.6 kN/m? (680 torr). Prior to testing, each specimen was precracked by fatiguing in
vacuum to extend the notch approximately 1.27X10? m beyond the machined notch.
Fatigue tests were conducted either in a vacuum or a hydrogen environment by the use of a
square-wave generator under conditions of R =0 where load was cycled between near zero
and some preselected maximum value. Cyclic tests were conducted at frequencies of 5X107!
and 5X1073 Hz, which correspond to 1 sec and 100 sec at maximum load and equal times at
zero load. Crack-opening displacement was monitored as a function of time. Static tests
were conducted in hydrogen by rapidly loading the specimen to a preselected crack-opening
displacement and holding it at that value while the load was monitored as a function of
time.

Results and discussion—

Gaseous hydrogen-induced crack growth under static loading: In a previous section we
saw that the embrittlement of precracked Ti—6Al-4V alloy in a gaseous hydrogen
environment was strongly dependent on both test displacement rate (fig 22) and
microstructure (fig. 21). These observations were explained in terms of the operative crack
growth processes controlled by hydrogen transport and hydride-formation reaction kinetics.
It was suggested that the S-phase titanium acts as a ‘“‘short-circuit” transport path that allows
more hydrogen to get to a given point in given time and interact at the phase boundaries to
cause rapid intergranular crack growth and fracture. When the environment sees little or no
B-phase titanium, hydrogen must interact with the c-phase directly on or very near the crack
tip resulting in slow transgranular crack growth and failure. The rate of macroscopic crack
growth observed in a specimen will depend on both the amount of §-phase present in the
boundaries and the amount of boundary area present in the microstructure.

The observed influence of two types of microstructure on subcritical crack growth rate
in hydrogen environment for the Ti—5A1-2.5Sn alloy of the present study is shown in
figure 36, which is a plot of the log of the hydrogen-induced crack growth rate as a function
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crack growth under conditions of static loading.
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of the log of the applied stress intensity under conditions of static load for coarse acicular
and fine acicular a-phase microstructures. Only a portion of the entire curve was obtained
for each microstructure because of the experimental limitations of the test apparatus. Crack
growth rates could not be measured with reasonable accuracy at very high rates because of
the poor response of the measuring system at these rates, or at very low rates because of the
significant influence, at these rates, of minor amounts of contaminants present in the
hydrogen environment, possibly from the chamber walls, etc. Figure 36 shows that the form
of the stress-intensity dependence of the growth rate appears similar to that observed by
others for titanium alloys tested in an aqueous chloride environment (ref. 170); that is, for a
given microstructure there exists a large range of stress-intensity values over which the
subcritical crack growth rate is increasing very slowly. Above and below this range, crack
growth rate changes very rapidly for a small change in stress intensity. Additionally, the
influence of microstructure on the hydrogen-induced subcritical crack growth rates observed
in this section is consistent with that observed for Ti—6Al1—4V alloy in the previous section.
In figure 36 it is seen that crack growth rates at intermediate values of stress intensity are
two to three orders of magnitude faster for specimens having a fine acicular microstructure
than for those having a coarse acicular microstructure (a large amount of phase boundary
area as compared with a small amount of boundary area, respectively, fig. 34).
Fatigue-induced crack growth in vacuum: Tests were conducted in a vacuum
environment (<6.6X107! N/m? (5X1073 torr)) to establish the rate of subcritical crack
growth that occurs in Ti—5Al-2.5Sn alloy under cyclic loading in an inert atmosphere.
Figure 37 shows the results of this portion of the study and is a plot of log maximum stress
intensity versus log crack growth rate for the fine acicular structure at a frequency of
5X107! Hz and for the coarse acicular structure at 5X107! and 5X1073 Hz. In this figure, as
well as all of the following figures in which cyclic crack growth rates are reported, the
measured rates under cyclic loading, where the specimen is under load half of the time, have
been doubled so that these rates can be compared with crack growth rates under static
loading, where the specimen is under load all of the time. At the higher frequency the
differences in microstructures have little or no effect on the rate of fatigue-induced crack
growth. For the coarse acicular structure, by converting crack growth per unit time to
growth per cycle, frequency can be shown to have little or no effect on crack growth at the

two frequencies investigated (i.e., da/dN = constant, where N is the number of cycles).
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Additionally, the applicability of the exponential relation between fatigue-induced crack
growth and stress intensity is demonstrated. The log-log curves obey a linear relationship,

independent of microstructure and frequency, given by
da/dN « da/dt = C(Kmax)s (34)

This relationship with the stress-intensity exponent of 5 is the same as that observed by
Crooker et al. (ref. 171) for the titanium alloy Ti—7Al-2Cb—1Ta and the exponent is well
within the range of 2 to 10 observed by other investigators for several alloy systems.

Corrosion fatigue in hydrogen: Corrosion fatigue, or in the particular case of this
study, hydrogen-induced crack growth under cyclic loading, can be thought of as the
combined influence of environment (chemical) and cyclic loading (mechanical), or better,
the combined influence of kinetic and dynamic variables on subcritical crack growth. We
have established, under conditions of static loading, the influence of microstructure on the
hydrogen-induced crack growth rate as well as the dependence of this rate on stress
intensity. In vacuum we have established the dynamic influence of cyclic loading on crack
growth and the independence of microstructure as well as the dependence of crack growth
on maximum stress intensity. We can now consider corrosion fatigue in a hydrogen
environment to separate the influence of kinetic and dynamic variables, and to determine
the possible existence of a synergistic effect as a result of combined chemically induced and
mechanically induced crack growth.

Figure 38 is a plot of log maximum stress intensity versus log crack growth rate
showing data obtained in a hydrogen environment at a cyclic frequency of 5X107! Hz for
specimens having a fine acicular structure. Again, the cyclic crack growth rates have been
doubled so that they can be directly compared with static crack growth rates. Also shown
on this figure are the fatigue-induced crack growth rate curve in vacuum, from figure 37,
and the hydrogen-induced crack growth rate curve under conditions of static loading from
figure 36. Under fatigue loading, the effect of a hydrogen environment is to change the form
of the crack growth rate dependence on stress intensity and increase the fatigue crack
growth rate as compared to that observed in a vacuum environment. In fact, both the
magnitude of the hydrogen-fatigue crack growth rate and the form of its dependence on
stress intensity are nearly identical to that observed in hydrogen under conditions of static

loading.
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Likewise, figure 39 is a plot of log stress intensity versus log crack growth rate showing
data obtained in a hydrogen environment at cyclic frequencies of 5X107! and 5X1073 Hz
for specimens having a coarse acicular microstructure. Again, for comparison the
fatigue-induced crack growth rate curves in vacuum and at corresponding frequencies
(fig. 37) and the hydrogen-induced crack growth rate curve under conditions of static
loading (fig. 36) are also shown. (The measured fatigue crack growth rates have been
increased by a factor of two as explained above.) Unlike the previous structure tested (fine,
acicular), at a frequency of 5X107! Hz for a coarse acicular structure, the hydrogen
environment has no resolvable effect on the rate of crack growth as compared to that
observed in a vacuum environment. However, at the lower frequency of 5X1073 Hz, the
influence of hydrogen is dramatic with a change in the form of the curve and an increase in
crack growth rate as compared to that observed in a vacuum environment. Again, as in the
case of the specimen having the fine acicular structure, the form and placement of the
hydrogen-fatigue curve is similar to that observed in hydrogen under conditions of static
loading.

It can be argued that subcritical crack growth during corrosion fatigue of the
Ti—5A1-2.58n alloy in a hydrogen environment is not a synergistic process but can be
considered, to a very good approximation, as the summation of two independent processes
acting in parallel. The overall crack growth rate under cyclic loading in hydrogen is the sum
of the rate of crack growth under static load in hydrogen, that is, crack growth controlled
by a kinetic process (hydrogen transport in this case), and the rate of crack growth under
cyclic load in an inert environment (crack growth controlled by a dynamic process). Such an
interpretation is not new in corrosion fatigue; it has been postulated by Wei and Landes
(ref. 172) and by Gallagher (ref. 173) for steels. All data of the present study (figs. 38
and 39) support the above interpretation. At low frequencies the contribution of the
dynamic process, fatigue-induced crack growth, is negligible and the observed rate of crack
growth is controlled by the Kkinetic process, hydrogen-induced crack growth. At high
frequencies the dynamic contribution is dominant and the kinetic contribution is negligible.
Within these frequencies there exists a transition where the rates of both dynamic and
kinetic processes are comparable. The frequency range at which this transition is observed is
dependent on the individual rates of the two processes and thus is dependent on such

variables as microstructure. As a consequence, the rate of crack growth observed in
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corrosion fatigue will never be less than that exhibited under static load in a hydrogen
environment no matter what the cyclic frequency of the test.

Finally, the fracture surfaces of specimens failed under all conditions of this study
were investigated with the scanning electron microscope. As would be expected, the most
significant difference was observed between the fracture surfaces of specimens having a
coarse acicular microstructure tested at a frequency of 5X107® Hzatamaximum stress
intensity of near 55 MN/m?-m!/? (50 ksi-in.}’2?) in a vacuum and a hydrogen environment
shown in figure 40. In vacuum the fatigue striations are closely spaced and definite with no
evidence of intergranular fracture, whereas in hydrogen they are widely separated and less
definite with evidence of intergranular separation along the prior §-phase grain boundaries as

well as along the acicular a-phase boundaries.
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Figure 40.— SEM fractograph of specimens having a coarse acicular microstructure

fatigued at 0.005 Hz; (a) fatigued in vacuum, (b) fatigued in hydrogen.
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DISCUSSION

We have presented several experimental observations concerning the influence of a
gaseous hydrogen environment on both exothermic and endothermic hydrogen occluding
alloys in terms of the specific influence of kinetic and mechanical variables. In this
discussion we will attempt to collate these observations. First, the kinetic and mechanical
influences on the type and form of hydrogen embrittlement will be considered so that the
observed physical manifestations of embrittlement can be understood and cataloged. Next,
these results will be interpreted in terms of embrittlement mechanisms to better understand
the specific role of hydrogen in the various embrittlement processes. Finally, the physical
manifestations of hydrogen embrittlement will be compared with other forms of
embrittlement, particularly other forms of environmental embrittlement, to help elucidate

the overall role of a chemical species in the embrittlement of metals.

KINETIC AND MECHANICAL ASPECTS OF HYDROGEN EMBRITTLEMENT

Hydrogen’s deleterious effect on the behavior of a metal is primarily through its
influence on the crack initiation stage or the subcritical crack growth stage of the fracture
process. The susceptibility of a structure and the severity of this effect are dependent on the
originating location of the hydrogen species, the relative influence of the hydrogen species
on the initiation and growth stages of fracture, and the relative importance of these fracture
stages in the failure of the structure.

The crack initiation stage of fracture is readily influenced in all metals of engineering
significance by the presence of a supersaturation of hydrogen within the metal lattice above
its solid solution concentration limit (ref. 57). A supersaturation of hydrogen can be
obtained in endothermic occluding metals by cooling a saturated lattice from elevated
temperatures, in exothermic occluding metals by cooling a saturated lattice below the
temperature at which a hydride can precipitate, or in both by cathodically charging
sufficiently large amounts of hydrogen into the metal lattice. Under conditions of a
supersaturated metal lattice, crack initiation can occur in endothermic occluding metals by
the precipitation of hydrogen at defects (ref. 44) and in exothermic metals by the
precipitation of a brittle hydride phase (ref. 156). The propensity of a metal to
“precipitate” a crack is dependent on the degree of hydrogen supersaturation, or in other

words, the amount and distance that must be transported to the site of nucleation. If the
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level of supersaturation is high, crack initiation is virtually spontaneous (ref. 162); if it is
small, however, crack initiation is time dependent with its rate controlled by an elementary
reaction of the overall transport process (fig. 1), generally lattice diffusion (ref. 174) that is
a first-order kinetic process, exponentially dependent on temperature (eq. (23)). When
hydrogen is present not in the metal lattice but in the environment, the influence of
hydrogen on this stage of fracture becomes more random, being dependent on the
fortuitous occurrence of a surface site for crack nucleation at which the environment can
interact. In an endothermic steel alloy the process is truly random (fig. 26), whereas in the
exothermic titanium alloy crack initiation appears dependent on a predictable process
(fig. 27) of formation of a hydride layer in which crack initiation can more easily occur
(fig. 29).

Most engineering structures contain preexisting cracks because of processing
procedures such as welding so the crack initiation stage of fracture is of little or no
importance to the failure process. This is not the case, however, for some structures and
more importantly for many test specimen configurations such as the tensile bar (ref. 74) and
rupture disc (ref. 161) often used to evaluate hydrogen embrittlement. In these the crack
initiation stage can dominate the failure process. It is, therefore, imperative that the relative
influence of the initiation and growth stages of fracture in the failure of a structure or
specimen be understood, particularly when evaluating or predicting the influence of
environmental hydrogen.

The subcritical crack growth stage of fracture occurs at values of stress intensity
(eq. (3)) below the critical value at which unstable crack growth occurs (eq. (6)). Unlike the
initiation stage, this stage of fracture is extremely sensitive to hydrogen and under
conditions of noncyclic loading is the result of it. In a very simple manner, rapid unstable
crack growth occurs when the applicable criteria are met, such as that proposed by Griffith
for brittle materials (eq. (1)). Crack growth will occur, at stress intensity levels below this
critical level, if hydrogen or any other chemical species influences the variables in the
criteria (eq. (4)) in such a way as to reduce the stress intensity value determined by the
criteria. If the influences of hydrogen on vasiables in the criteria were instantaneous and
homogeneous throughout the structure, the new value of stress intensity would be the

critical value, and unstable crack growth would immediately result. However, the influence
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of hydrogen is localized at or near the crack tip and continued crack growth is dependent on
the rate of hydrogen transport to the localized area.

The rate of hydrogen-induced crack growth in a metal will exhibit the reaction kinetics
of the elementary reaction controlling the overall hydrogen transport process. The most
common kinetic form is that of a thermally activated reaction expressed by an exponential
dependence on temperature (eq. (19)). Under such conditions the rate of hydrogen-induced

crack growth, da/dt, would be given by

<da = Ca, ex —_—Q—
i %o *P(RT (39)

K<K,

where C is a proportionality constant dependent on factors not yet defined, ayand Q are
the preexponential term and the activation energy of the controlling elementary reaction,
respectively, T is temperature, and R is the gas constant. In general, the controlling
reaction kinetics need not be this simple and can involve opposing (eq. (11)), consecutive
(eq. (14)), and parallel (eq. (16)) elementary reactions. The range of control is dependent on
temperature (fig. 1). For example, when hydrogen is present in a steel, subcritical crack
growth of an internal crack is controlled by diffusion kinetics (ref. 76). Subcritical crack
growth of a steel in water vapor is controlled by permeation kinetics (refs. 84, 86), that is,
absorption and diffusion (eq. (26)). Subcritical crack growth of an o titanium alloy having
a continuous f-matrix appears to be controlled by the hydride reaction at the /8 boundary
(fig. 24). Subcritical crack growth of a steel in a molecular hydrogen environment is
controlled by a surface reaction involving a physisorbed precursor (ref. 137) (eq. (28)) that
can be changed to a more simple reaction process by the presence of atomic hydrogen in the
environment (figs. 14 and 16).

Hydrogen-induced crack growth is also significantly influenced by the level of applied
stress intensity (fig. 35). This dependence has been observed for different environments
(refs. 170, 175, 176). In general, three distinct regions exist: region I where crack growth
rate is strongly dependent on K and occurs at low levels of K; region Il where rate is
nearly independent of K at intermediate levels of K; and region III where rate is again
strongly dependent on K at high levels of K (near K.). These regions are interpreted in
terms of a change in controlling reactions (ref. 175). Region1 is controlled by the

embrittlement interaction that affects the particular variable in the growth criteria.
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Region 11 is controlled by the rate of hydrogen transport to the site of interaction, the range
of applicability of equation (35). Region III is controlled by mechanical failure mechanisms
as the critical stress intensity level is approached. The exact interpretation of regionsI
and I require further study; however, there is little doubt as to the correctness of that for
region II.

The above discussion emphasizes that subcritical crack growth is a phenomenon that is
complicated by processes involved in the transport of hydrogen to the site at which
embrittlement can occur, and possibly further, by the embrittlement interaction and
mechanical mechanisms of lattice separation. In any case, it is imperative that a total
knowledge of the state and original location of hydrogen, the kinetics of the transport of
this hydrogen to the site of embrittlement, and the degree of embrittlement that results
from hydrogen being brought to this site be available before we can conclude
unambiguously that a particular alloy will or will not exhibit hydrogen embrittlement.

Finally, subcritical crack growth can occur in a metal as a result of the influence of
pure mechanical considerations under conditions of cyclic loading and in general is of simple
form (fig. 36) expressed by a power dependence of applied stress intensity (eq. (34)). The
combined influence of this fatigue-induced subcritical crack growth and hydrogen-induced
growth appears, at least in titanium to be the sum of the two processes acting
independently (figs. 37 and 38) with no synergistic effect. A similar influence has been
postulated concerning the effect of water vapor on the corrosion fatigue of steels (refs. 172,
173). In terms of engineering considerations, the independent nature of these kinetically
controlled and mechanically controlled processes suggests that a knowledge of each process
and the influence of variables affecting each, such as alloy microstructure, temperature,
purity of the environment, form and frequency of loading, can be extrapolated to predict
the behavior of an engineering structure under the influence of the combined process. Like
any other overall reaction made up of parallel reactions, the combined reaction will be
controlled by the individual reaction occurring most rapidly (eq. (16)). For fatigue in a
hydrogen environment, the rate of subcritical crack growth will never be less than that
observed in hydrogen under conditions of static loading, no matter what the frequency of

loading.
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MECHANISM OF HYDROGEN EMBRITTLEMENT

Hydrogen embrittlement of a metal can occur when the initiation or growth stages of
fracture are influenced by hydrogen. This influence can come about through the effects of
hydrogen on the ability of a metal to plastically deform or on the strength of the bond
between atoms in the metal lattice. In both stages of fracture, these influences are localized
to a relatively small area at the site of crack nucleation or near the crack tip. A number of
theories have been proposed to describe the potential influences of hydrogen on these
material variables and, in general, fall into one or more of the following categories: pressure
formation, surface interaction, lattice interaction, dislocation interaction, and hydride
precipitation. Each category, in terms of the observed influences of hydrogen, has a strong
experimental base and the occurrence of each really cannot be denied under specific sets of
conditions. In this section we will first briefly discuss the theory associated with each of the
above categories, and conclude with what is felt by the author to be the limit of
applicability of each to the general phenomenon of hydrogen embrittlement of metals.

Pressure formation— Theories based on pressure are the oldest and, until recently, the
most popular of the hydrogen embrittlement theories. The commonality of these theories is
the suggestion that embrittlement results from ‘“‘precipitation” of molecular hydrogen at
internal voids and the expansion of these voids by the development of high pressures within
them. Zapffe and Sims (ref. 165) were among the first to propose that molecular hydrogen
could be precipitated and could develop significant pressures at defects within a metal
lattice. De Kazinczy (ref. 177) formalized this idea by suggesting that crack propagation
occurred by the diffusion of hydrogen to the nucleated voids to-maintain the internal stress.
Bilby and Hewitt (ref. 178) and others (ref. 179) extended the theory further to consider
the contribution of plastic deformation (dislocations) to the initiation and growth of a crack
by pressure. The most recent modification was accomplished by Tetelman (ref. 19) who
successfully demonstrated the initiation of a crack in Fe—3%Si single crystals and the
discontinuous nature of its propagation, and explained these as well as the low temperature
and strain rate dependence of embrittlement in terms of pressure build-up.

Surface interaction— The surface interaction theory, first proposed by Petch and
Stables (ref. 37) and later modified by Petch (ref. 34), suggests that the fracture stress is
lowered by a reduction in the surface energy of a material at the surfaces of a crack by the

adsorption of a chemical species. Rebinder (ref. 180) was the first to show that the
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adsorption of a surface active substance (water) on the surface of a solid (glass) can greatly
decrease the strength because of a decrease in surface energy. Similar effects have been
observed in the embrittlement of metals by liquid metal environments (ref. 181). The
surface interaction theory is most popular in the explanation of this phenomenon.

The importance of surface energy in the initiation and growth stages of fracture is
virtually undisputed. Most models for crack initiation (refs. 20-23) involve a surface energy
term. Petch and Stables (ref.37) related the adsorption mechanism of hydrogen
embrittlement of steel to crack initiation, and assumed that hydrogen reduces the surface
energy thus favoring the formation of cracks that nucleate according to dislocation theory.
Likewise, crack propagation is directly related to surface energy through the modified
Griffith criteria (eq. (7)). The question still to be answered, however, is the actual influence
of hydrogen on the surface energy of a metal. Numerous experiments have been conducted
to explore this effect (refs. 38-40) but, unfortunately, are subject to question because of the
lack of complete characterization of the system, condition of the metal surface,
contaminant level in the environment, etc.

Lattice interaction— The lattice interaction theory can be considered a generality of
the surface interaction theory when the latter is the limiting case of the former. In the
lattice interaction theory it is suggested that hydrogen diffuses under the influence of a
stress gradient to regions of high tensile stress within the metal lattice to lower the cohesive
strength of the lattice. This was first proposed by Troiano and his co-workers (refs. 36, 182,
183) to explain the easier nucleation and propagation of cracks in hydrogen-charged nickel.
There is little question that elastic and plastic deformation leads to the redistribution of
hydrogen within a metal lattice (refs. 53, 184, 185) and that hydrogen will diffuse toward
zones of maximum triaxial stress (ref. 50). These areas of maximum triaxial stress are, of
course, ahead of a crack tip or near a notch. Hydrogen will be concentrated in areas that are
most probable sites for the nucleation of a crack and is suggested to contribute to
nucleation by the reduction of bond energy of the lattice. Crack propagation then becomes
a series of nucleation events ahead of the crack tip. Like the surface interaction theory, the
question of the actual influence of hydrogen on the cohesive forces of a metal lattice
remains to be answered.

Dislocation interaction— The theory of dislocation interaction involves the possibility

that hydrogen combines with dislocations (ref. 186) by the formation of atmospheres
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reducing dislocation mobility (ref. 27) thereby reducing the plastic zone associated with the
crack tip and allowing the crack to propagate at a lower stress in a more brittle manner
(eq. (5)). This was first suggested by Bastien and Azou (refs. 187, 188) as applied to the
embrittlement of iron alloys. These ideas have been employed extensively by the Russians
(refs. 57, 189, 190) to explain hydrogen embrittlement of endothermic occluding metals
but have not gained broad acceptance. Kolachev (ref. 57) expresses belief that support for
the dislocation interaction theory comes from the fact that hydrogen embrittlement is
influenced by but not directly dependent on crystal structure, the formation of hydrides,
solubility, rate of hydrogen diffusion, etc. The dislocation nature of embrittlement,
however, is common to all metals and thus embrittlement must be considered to result from
the interaction of hydrogen with this common element — dislocation motion.

Hydride precipitation— A second-phase hydride precipitate appears to cause
embrittlement of exothermic occluding metals. Metal hydrides are not only brittle but they
are less dense than the metal matrix and thus have been proposed in a number of theories to
preferentially precipitate at dislocations (ref. 191) ahead of the crack tip at regions of high
triaxial stress (ref. 192) and at defects such as grain boundaries (ref. 193) influencing both
the crack initiation and growth stages of fracture. There is little question that hydride
embrittlement of a metal can occur; however, it is specific to a relatively small group of
metals although attempts have been made to generalize its application (ref. 194).

Hydrogen embrittlement of metals— Hydrogen has been observed to influence the
fracture behavior of all metals investigated to date. In a few metals, however, these effects
are seen only when the lattice contains a supersaturated concentration of hydrogen with
respect to the lattice equilibrium solubility or terminal solubility. Under this condition,
exothermic occluding metals such as titanium, zirconium, and vanadium will precipitate a
brittle hydride phase, and most endothermic occluding metals such as iron, copper, and
aluminum will precipitate molecular hydrogen while some endothermic occluding metals
such as nickel, magnesium and palladium will precipitate either molecular hydrogen or a
hydride phase depending on the degree of supersaturation. The extent, location, and rate of
second phase precipitation as well as the form of applied load will determine the severity of
embrittlement. If precipitation is extensive, all metals can fail even without an applied load
because of pressure build-up of molecular hydrogen at internal defects (ref. 76) or the

stresses developed around the less dense hydride precipitate (ref. 195). If precipitation is not
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this extensive but complete the metals containing hydrides can be embrittled at rapid
loading rates by crack initiation and growth within the hydride phase (ref. 196) while those
containing precipitated molecular hydrogen will be little affected because of the rapid
reduction in hydrogen pressure because of void growth (ref. 76). At low rates of loading
metals containing hydrides will be little affected because of plastic relaxation about the
hydride (ref. 43) while those containing molecular hydrogen will be embrittled by the
continued pressure build-up as the resuit of nonsteady-state hydrogen transport to the void
(ref. 76). If precipitation is not complete but just beginning, no effect may be observed in
metals forming hydrides of molecular hydrogen at rapid loading rates because the rate of
precipitation is slow compared to the rate of loading. At slow rates of loading,
embrittlement can be observed with its severity dependent on the rate process comntrolling
precipitation.

Precipitation of a hydrogen-rich second phase in metals need not be associated only
with nonequilibrium precipitation from the supersaturated bulk lattice as discussed above. It
can also occur as the result of a localized supersaturation. The extreme example is the well
documented hydrogen ‘“‘bubble” formation observed in electrolytically charged (ref. 197)
and proton charged aluminum (ref. 198). Likewise, surface hydride precipitation has been
observed in columbium (ref. 159), tantalum (ref. 160), and titanium (figs. 28 and 29)
exposed to a gaseous hydrogen environment at room temperature. The conditions for
localized precipitation are, first, a localized hydrogen concentration greater than the
equilibrium solubility or the terminal solid solubility must exist and, second, hydrogen
transport within the metal lattice must be sufficiently slow to maintain the localized
supersaturation during precipitation. These conditions are easily met in the exposure of
exothermic-occluding hydride-forming metals to even a low-pressure gaseous-hydrogen
environment. For example, in o-titanium employing the established relations for the
terminal solid solubility at the a/(a + ) solvus (refs. 104, 149) the equilibrium pressure
above which hydride formation will occur can be calculated as approximately 5X107 4 torr
at room temperature; that is, at hydrogen pressures above 5X107!'4 hydride formation
should be controlled by nonequilibrium reaction kinetics and should be independent of
pressure. Second-phase precipitation of molecular hydrogen will not occur in endothermic
occluding metals such as steel and nickel exposed to a hydrogen environment. In these

alloys the terminal solid solubility (if one exists) is greater than the lattice concentration
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obtainable by normal environmental hydrogen pressures so a supersaturated lattice will not
occur at a constant pressure and temperature.

Severe embrittlement of an exothermic-occluding hydride-forming metal, such as
titanium, can occur in a gaseous hydrogen environment (table 3). This form of
embrittlement is the result of the localized-surface, or near-surface, precipitation of the
brittle hydride phase as discussed above. Severity of embrittlement is controlled either by
the kinetics of the hydride reaction or hydrogen transport to the location of embrittlement.
In metals that have a single phase microstructure or a mixed phase microstructure in which
the hydride forming phase is continuous such as an a-phase titanium matrix containing a
discontinuous 3-phase, severity of embrittlement will be independent of molecular hydrogen
pressure (fig. 21) with failure occurring by transgranular cleavage (fig. 10(b)) as determined
by the crystallographic nature of the precipitated hydride (figs. 28 and 29) (ref. 199). If the
metal is made up of a mixed microstructure in which the continuous phase is not the
hydride-forming phase, such as a 3-phase titanium matrix containing a discontinuous a-phase,
embrittlement may be more severe (fig. 22), with the continuous phase acting as a path for
rapid hydrogen transport to the hydride-forming phase. Under these conditions
embrittlement might be pressure dependent (fig. 21), might be controlled by the transport
reaction, and might occur by brittle intergranular separation of the «/f boundary
(fig. 11(b)).

Second-phase precipitation is a sufficient but not necessary condition for the
occurrence of hydrogen embrittlement. Embrittlement has been observed at hydrogen
concentrations below the terminal solid solution solubility limit in the exothermic occluding
vanadium alloy (ref. 200) as well as in several endothermic occluding metals subjected to
deformation within a low pressure hydrogen environment (table 3). Under conditions where
hydrogen is present in solid solution within the metal lattice, applied load is able to
concentrate the hydrogen at areas of lattice distortion (ref. 53), for example, areas of
triaxial stress ahead of a crack tip or at a grain boundary. Hydrogen in these areas, prior to
the attainment of a critical concentration for precipitation, might deleteriously affect lattice
cohesion to the extent that crack nucleation and propagation is possible. In a hydrogen
environment the hydrogen-lattice interaction appears to occur on or just below the crack tip

(at least in the 4130 steel alloy investigated in this study) and can be considered the limiting
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case of lattice interaction (i.e , surface interaction). Here too, embrittlement appears to be
associated with a change in lattice cohesion or a reduction in surface energy.

Embrittlement as the result of a hydrogen-lattice interaction, unlike embrittlement by
second-phase precipitation, is always associated with a brittle mode of failure, either
transgranular (fig. 32) or intergranular (figs. 7 and 12(b)), apparently dependent on the site
of crack initiation and relative strength of the grain boundaries (ref. 166).
Hydrogen-induced brittle mode of failure sometimes observed in metals embrittled by
molecular hydrogen precipitation is probably associated with the hydrogen-lattice
interaction at the void surface (refs. 178, 179) in much the same manner as environmental
hydrogen embrittlement.

Severity of embrittlement because of a surface or lattice interaction is dependent not
only on the potential reduction in cohesive strength but also on hydrogen transport
processes. In environmental hydrogen, the hydrogen must be transported to the crack tip.
Those metals that exhibit little or no hydrogen chemisorption, such as aluminum, copper,
and magnesium, are not embrittled (table 3) while those metals in which the transport
processes occur, such as nickel and steel, are severely affected by hydrogen — the rate of
embrittlement determined by the particular controlling transport reaction (fig. 14). In
metals where hydrogen is present in solution, it is important, first, that hydrogen be soluble
in the metal lattice to the extent that sufficient hydrogen is available to interact with the
lattice and, second, that lattice diffusion transport of hydrogen can occur at a significant
rate.

In view of the above interpretation it is informative to qualitatively compare the
relative values of hydrogen solubility and rate of transport with severity of embrittlement
observed in several endothermic occluding metals. A tabulation of hydrogen solubility at
1 atm and diffusivity normalized to a common temperature of 200° C is seen in table 4. In a
gaseous hydrogen environment it has been shown (table 3) that martensitic steel and nickel
alloys are the most severely embrittled followed by molybdenum with copper and
aluminum as well as stabilized austenitic steel not embrittled. From table 4 there appears to
be a rough correlation between severity of environmental embrittlement and hydrogen
solubility with the exception of austenitic steels. As mentioned previously, copper and
aluminum do not chemisorb hydrogen (table 1) so they should not exhibit environmental

embrittlement. It is possible that the austenitic steels do not chemisorb hydrogen near room
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temperature (a point that has never been investigated), which could explain its lack of
susceptibility. When hydrogen is present within the metal lattice, there is little question that
martensitic steels are the most severely embrittled (refs. 87-89) followed by nickel alloys
(refs. 100, 101). The alloys of molybdenum (ref. 117), copper (ref. 124), and iron having a
stable austenitic structure (refs. 90, 91) can be embrittled if the lattice contains a large
supersaturation of hydrogen. In these alloys, as well as the two previous, the mode of
hydrogen induced failure is brittle separation along the grain boundaries. Aluminum can also
be influenced by hydrogen only at very large supersaturations and, unlike the others, failure
is always by ductile tearing (ref. 123). If we consider the combined values of solubility and
diffusivity (the actual measure of hydrogen transport within a metal lattice), there is a rough
correlation between this value and the susceptibility of these metals to this form of
embrittlement. Lattice transport occurs rapidly in martensitic iron followed by nickel; is
moderate to slow in molybdenum, copper, and austenitic iron; and extremely slow in
aluminum. We admit that these rough correlations add little to the understanding of
hydrogen embrittlement but they do not distract and in general are consistent with our
interpretation.

The contribution of the hydrogen-dislocation interaction to the embrittlement of
metals appears to be of secondary importance. There is little doubt that hydrogen can
combine with dislocations and influence their motion in iron (refs. 201, 202), molybdenum
(ref. 118), vanadium (ref. 203), columbium (ref. 204), and nickel (refs. 205, 106) as well as
increase the rate of hydrogen transport within the lattice by this association with dislocation
movement (ref. 207). In general, these effects require a large hydrogen concentration
throughout the bulk lattice. Latanision and Stachle (ref. 208) have demonstrated an
influence of a high localized concentration on deformation of nickel single crystals;
however, such a localized concentration is still much higher than obtainable from a gaseous
hydrogen environment at room temperature. In the present study, cleavage crack
propagation across Fe—3%Si grains was observed to occur without any apparent evidence of
deformation about the fracture surface (figs. 30 and 31). Additionally, the effects of fatigue
crack growth and gaseous hydrogen-induced crack growth in titanium appear to be
independent processes (figs. 38 and 39); the former, of course, associated with deformation

(dislocation motion), thus eliminating any significant contribution of dislocation motion to
the latter.
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A COMPARISON BETWEEN HYDROGEN EMBRITTLEMENT AND OTHER
FORMS OF EMBRITTLEMENT

In 1963 Nichols and Rostoker (ref. 209) made the analogy between stress corrosion
cracking and liquid metal embrittlement of solid metals. Since then the analogies between
these and other forms of embrittlement have become even more apparenf. Based on
evidence originaily put forth by Williams and Nelson (ref. 138) indicating the surface or
near-surface nature of gaseous hydrogen embrittlement of an endothermic occluding metal
(steel) and the verification and expansion of this idea in the present investigation, it is
apparent that hydrogen embrittlement may also be a specific manifestation of a more
general embrittlement phenomenon involving several chemical species. The embrittlement of
metals by a liquid metal environment and embrittlement by a number of stress corrosion
cracking environments exhibit, at least qualitatively, similar physical characteristics as do
embrittlement by a solid metal environment, a gaseous hydrogen environment, and others.

One of the more obvious similarities is the species—induced change in fracture mode of
a ductile metal to brittle separation without an associated change in flow behavior in a
liquid metal (ref. 210), a solid metal (ref. 211), a stress corrosion (refs. 157, 212), and a
gaseous hydrogen (figs. 7 and 12(b)) environment. (As discussed in a previous section,
hydrogen can influence the deformation behavior of some metals; however, this appears to
be only of secondary importance.) As observed for hydrogen in this study, stress corrosion
cracking is intergranular but transgranular cracking predominates in certain instances.
Cracking produced by liquid metals also follows intercrystalline paths in the preponderance
of instances, but transcrystalline cracking is not infrequent.

Severity of embrittlement is dependent on the strain rate of the test and is more severe
the slower the strain rate or if the test is conducted under a static load. As established in this
investigation, this rate effect in a gaseous hydrogen environment is related to the kinetics of
hydrogen transport to the site of interaction on or very near the surface of the crack. Until
only recently the observed inverse strain-rate dependence of liquid metal embrittlement was
thought to result entirely from the strain-rate dependence of the stress to cause deformation
at the crack tip (refs. 213, 214); however, the classic works of Mostovy and Breyer
(refs. 215, 216) on leaded steel followed by the demonstration by Fager and Spurr

(refs. 211, 217) that solid cadmium can embrittle metals suggests that transport
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considerations proposed for gaseous hydrogen embrittlement are important in these other
forms of embrittlement as well.

Let us next consider the temperature dependence of embrittlement. In general, liquid
metal embrittlement is observed to exhibit a brittle-to-ductile transition with increasing
temperature (ref. 218) and numerous forms of dependency have been observed in the stress
corrosion cracking behavior of metals (refs. 219, 220). Until recently the accepted
explanation for these dependencies has involved the temperature dependence of plastic flow
in metals; however, the works on solid metal embrittlement (refs. 211, 216, 217) together
with that of this investigation suggest that the various forms of temperature dependence
stems from the elementary transport reactions controlling the embrittlement process.

Finally, all forms of embrittlement are extremely sensitive to variations in the
microstructure of the embrittled metal. Besides the obvious influence of microstructure on
the transport reaction processes, as apparent in this investigation, species embrittlement is
nothing more than a special case of the more general brittle fracture theory (eq. (1)). Thus,
metallurgical parameters that tend to induce brittle fracture free of the effect of the species

should be involved and include large grain size, high yield stress over modulus ratio,

heterogeneous deformation, etc.

Ames Research Center
National Aeronautics and Space Administration

Moffett Field, Calif., 94035, Dec. 2, 1971
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